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Abstract. The structural dynamics of polymers and simple liquids confined at the nanometer scale has been
intensively investigated in the last two decades in order to test the validity of theories on the glass transition
predicting a characteristic length scale of a few nanometers. Although this goal has not yet been reached,
the anomalous behavior displayed by some systems —e.g. thin films of polystyrene exhibit reductions of
Tg exceeding 70K and a tremendous increase in the elastic modulus— has attracted a broad community
of researchers, and provided astonishing advancement of both theoretical and experimental soft matter
physics. 1D confinement is achieved in thin films, which are commonly treated as systems at thermodynamic
equilibrium where free surfaces and solid interfaces introduce monotonous mobility gradients, extending
for several molecular sizes. Limiting the discussion to finite-size and interfacial effects implies that film
thickness and surface interactions should be sufficient to univocally determine the deviation from bulk
behavior. On the contrary, such an oversimplified picture, although intuitive, cannot explain phenomena
like the enhancement of segmental mobility in proximity of an adsorbing interface, or the presence of
long-lasting metastable states in the liquid state. Based on our recent work, we propose a new picture on
the dynamics of soft matter confined in ultrathin films, focusing on non-equilibrium and on the impact of
irreversibly chain adsorption on the structural relaxation. We describe the enhancement of dynamics in
terms of the excess in interfacial free volume, originating from packing frustration in the adsorbed layer
(Guiselin brush) at t∗ � 1, where t∗ is the ratio between the annealing time and the time scale of adsorption.
Prolonged annealing at times exceeding the reptation time (usually t∗ � 1) induces densification, and thus
reduces the deviation from bulk behavior. In this Colloquium, after reviewing the experimental approaches
permitting to investigate the structural relaxation of films with one, two or no free surfaces by means
of dielectric spectroscopy, we propose several methods to determine gradients of mobility in thin films,
and then discuss on the unexploited potential of analyses based on the time, temperature and thickness
dependence of the orientational polarization via the dielectric strength.

1 Introduction

Polymers and simple liquids confined in nanometer-sized
geometries have been intensively investigated in the last
decades, aiming both to achieve a deeper understanding
of finite-size effects in soft matter and to improve the per-
formance of nanodevices and hybrid materials [1].

From a more fundamental point of view, the inter-
est toward the dynamics at the nanoscale is due to the
assumption that glass-forming materials show deviations
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from their bulk properties when confined into dimensions
similar to the intrinsic length scales of the molecular re-
laxation processes. Different theoretical approaches pro-
vide the same order of magnitude for the temperature-
dependent length scale of the glass transition, ξ, in the or-
der of 1–5 nm. According to the model proposed by Adam
and Gibbs [2] in 1965, ξ can be identified with the char-
acteristic dimension of the cooperative rearrangement re-
gion (CRR), that is, the smallest volume inside which a
transition to a different configuration can occur without
requiring a correlated change outside and on its boundary.
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In the framework of the Random First Order Transi-
tion theory (RFOT) [3], ξ is instead defined as the cor-
relation length of the dynamics within solid-like regions
with aperiodic crystalline structure known as “entropic
droplets”. Because the droplets are spatially and mor-
phologically distinct, ξ represents also the characteris-
tic length scale of the dynamic heterogeneity. A sim-
ilar scenario is proposed by the two-order-parameter
model (TOP) [4–6] where the droplets are replaced by
solid-like islands regions with medium range crystalline
order (MRCO), and the concept of cooperative mo-
tion is replaced by the idea of orientational correlation
among neighboring molecules, established via intermolec-
ular bonds [7]. Despite the fundamental theoretical differ-
ences among the aforementioned models, the temperature
dependence of ξ is always of the form

ξ(T ) = ξ0(T − TC)−ν , (1)

with 0 < ν < 1, and TC a critical temperature where ξ
diverges. Due to the limited number of experimental ap-
proaches capable to catch the value of ξ in bulk samples, in
the last two decades, an impressive number of independent
investigations has been dedicated to the characterization
of changes in the material properties when the dimen-
sion is pushed down to those expected for ξ. Although
the large efforts permitted to verify the presence of in-
trinsic dynamic length scales subjected to a temperature
dependence [8] as in eq. (1), it is commonly accepted that
interfacial interactions interfere with finite-size effects at
length scales much larger than ξ. It is thus not yet possible
to unambiguously determine the value of length scale of
the glass transition. Nevertheless, the investigation of soft
matter under confinement opened to a variety of new and
often unexpected phenomena, which are still fascinating
a large community of researchers, crossing the boundaries
of disciplines like physics, chemistry, material science and
engineering.

At the state of the art, different confinement geome-
tries have been explored by several experimental tech-
niques and mimicked by various computational approach-
es. Focusing on polymers, among the possible geometries,
thin films offer versatility in the sample preparation (of-
ten achieved via spincoating of dilute solutions) and the
broad tunability of both the confinement dimension (film
thickness) and the interfacial interactions (substrate). In
addition to that, the possibility to selectively label thin
sub-layers (thickness, h > 10 nm) allowed studying how
interfacial interactions propagate and alter properties like
diffusion of small molecules [9], glass transition tempera-
ture, Tg [10], orientational polarization [11], and physical
aging [12]. Further advantages of this geometry are inher-
ent to the zero value of its curvature, ensuring the smallest
intrinsic deviations from bulk density in the confined ma-
terial, a feature not present in curved spaces (e.g. pores,
nanospheres) [13].

In ultrathin films (h < 200 nm) the impact of free sur-
faces and interfacial layers on the static and dynamical
properties of ultrathin films cannot be neglected. Films
where both surfaces are in contact with air, or another

gas, or vacuum, are labeled as freely standing ; thin layers
sandwiched between solid or liquid media are instead de-
fined as capped ; while with supported we indicate the most
commonly used geometry, where a film, with a free surface,
is deposited onto a solid substrate. These systems cannot
be considered as dynamically homogeneous: in fact, large
experimental evidence confirmed the presence of a gra-
dient of mobility, running along the confinement dimen-
sion, see sect. 4. A rough scheme of such a gradient in
a supported film is provided by a trilayer model [14,15],
assuming a liquid-like layer at the free (non-supported)
surface, an immobilized (or reduced mobility) layer [16]
at the very interface with an attractive substrate, and a
bulk-like layer capped between the layers with different
mobility. Regarding the dynamics, following the tri-layer
model and its generalization to smoother profiles, a re-
duction in Tg is usually imputed to the faster dynamics
introduced by the free surface [17], while the presence of
an adsorbing interface is considered as a source of slower
molecular motion [12].

Such a picture, although very intuitive, fails in describ-
ing the peculiar behavior of macromolecules under con-
finement. Exotic phenomena like the enhancement of seg-
mental mobility in proximity of an adsorbing interface [18,
19], the impact of solvent on the structure and the mor-
phology of the films [20–22], or the presence of long-lasting
metastable states in the glassy dynamics of thin films [23–
25], cannot be explained in terms of models based on equi-
librium properties and oversimplified monotonous gradi-
ent in mobility. Moreover, Glynos et al. [26–28] have re-
cently verified that, due to entropic reasons, the free sur-
face can have a Tg higher than in bulk, as for example
in the case of star-shaped polymers of large functionality
and low molecular weight of the arms. It is thus clear that
the fast surface dynamics observed in linear polystyrene
(PS) [17,29], poly(methyl methacrilate) (PMMA) [30] and
other low-molecular-weight glassformers [31] is not a uni-
versal feature of soft matter dynamics.

Restricting the discussion to arguments of finite-size
and interfacial effects, film thickness and surface inter-
actions should be sufficient to univocally determine the
deviation from bulk behavior in ultrathin polymer films.
On the contrary, we verified that capped films of constant
thickness, in contact with the same supporting medium,
and annealed for times much longer than the reptation
time (longest relaxation time in a bulk melt) can ex-
hibit different Tg’s [18]. Similar results were extended by
Nguyen et al. to supported films deposited onto a larger
number of different substrates [32]. These findings are in
line with recent models [33,34] suggesting that a third key
parameter, namely the interfacial free volume, should also
be considered.

In this Colloquium, we provide an introduction to the
main issues in the glassy dynamics of ultrathin layers of
soft matter, summarizing the most relevant results we ob-
tained in the last years, and focusing on the impact of
irreversible chain adsorption on the segmental dynamics.

The following text is organized in different sections.
First we describe the phenomenology of the glass tran-
sition, the use of dielectric spectroscopy to investigate
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the structural (segmental) dynamics, and the experimen-
tal methods to study the dielectric relaxation in ultrathin
films (sect. 1) Then we discuss on the impact of nanoscopic
confinement and chain adsorption on the orientational po-
larization (sect. 2) and the scaling of the structural relax-
ation in proximity of a solid interface (sect. 3). We con-
tinue with a description of several methods to evaluate
gradients of molecular mobility and of thermal expansion
in proximity of free surfaces and interfaces (sect. 4), and
we conclude with a series of open questions on unsolved
problems on the glassy dynamics of soft matter thin films
(sect. 5).

1.1 The glass transition and the theory of dielectric
polarization

Viscoelasticity is an intrinsic property of liquids and amor-
phous solids, those materials, in fact, respond elastically
on short time scales while they flow on longer time scales.
Maxwell proposed a quantitative expression for the char-
acteristic (or structural) time τ separating the solid and
the liquid behavior, in terms of experimentally accessible
quantities [35]

τ =
η

G∞
, (2)

where η is the shear viscosity and G∞ the instantaneous
shear modulus. Systems with a characteristic time smaller
than a given observation time are considered as liquids.
Vice versa, those systems where τ exceeds the observa-
tion time are regarded as solids. At room temperature,
the value of τ for water is on the order of 10 picoseconds,
consequently, on the time scale of human life, water ap-
pears as a liquid.

If cooled fast enough so that crystallization is avoided,
each system can be maintained in the liquid state below its
melting point [13,36]. In this regime (supercooled state),
a modest reduction of the temperature leads to an abrupt
but continuous increase in the viscosity and, G∞ being
almost temperature independent, to a similar tremendous
augment in τ . When the characteristic time becomes so
large that the liquid fails to equilibrate on the experimen-
tal time scale, the system vitrifies, undergoing the glass
transition [4,13,36–40]. Though far from being totally un-
derstood, such a phase transition is definitely the most
fascinating of the unsolved problems of condensed matter.

A direct way to measure the characteristic time τ is
given by relaxation (and retardation) experiments [41]:
after the application of an external perturbation, the sys-
tem requires a time τR to relax toward a new equilibrium
state. In the linear response regime, the response of the
system to an external excitation originates from the same
molecular mechanism as its spontaneous fluctuations, as
assured by the fluctuations-dissipation theorem (FDT).
Under these conditions the relation τR ≡ τ holds.

Proven the equivalence between different time excita-
tion schemes, it is possible to extend the observation previ-
ously made from the time to the frequency domain. When
a material is probed at an angular frequency much big-
ger than the inverse of its characteristic time (ωτ � 1) a

solid-like response is obtained; vice versa, a low frequency
investigation (ωτ � 1) will provide information about the
viscous behavior. We will refer to the relaxation modes
related to the structural response as α-modes and the re-
lated process as α-, structural, or segmental (valid only in
case of polymers) relaxation process [13,42].

By means of dielectric spectroscopy, the principal mea-
suring technique in this work, we can monitor the changes
in the relaxation time of polar and non-polar systems over
more than ten frequency decades [41]. In the time domain,
the basic principle of the technique is the measurement of
the response of the system to a perturbation described
by an infinitely short electric pulse. The response of the
material originates from the correlated fluctuations of per-
manent dipole moments, which provide the physical link
between the molecular motions and the interactions with
an external electrical field. Consequently, via the FDT,
we correlate the time dependence of the dielectric func-
tion, ε(t), with the time dependence of the fluctuations in
polarization function coupling with the spontaneous fluc-
tuations of the system, μ(t),

∂ε

∂t
= − 1

kBT

∂

∂t
〈μ(t)μ(0)〉 , (3)

where kB is the Boltzmann constant, and 〈 〉 indicates a
statistically averaged function.

In an isothermal representation in the frequency do-
main (considering the broad range accessible, the loga-
rithm of the frequency f is instead used), the real part of
the dielectric function ε′(ω), often indicated as dielectric
constant, drops in intensity; at high frequencies, in fact,
the solid-like response lacks the orientational polarization
contributions present in the liquid state, and thus probed
only at lower frequencies. The inflection point in the di-
electric constant, correlated via a Hilbert transformation
to the maximum of the loss peak, fmax is related to τ via
the relation 2πfmaxτ = 1.

The structural relaxation of polymer chains originates
from the correlated motions of a limited number of repeat-
ing units [43]. The first and the last segment involved in
the process must assume the same conformational state
both at the beginning and at the end of the correlated
motions. For isolated chains it was suggested that the
segmental motion can be treated as a damped diffusion
of conformational states along the chain [44].

The relaxation model here proposed is rather simple:
once spontaneously generated, a conformational change
would perturb bond lengths and angles. This mechanism
would enhance the probability for the adjacent segments
to undergo a similar transition. The damping character of
the mechanism would derive from the selective nature of
correlated conformational changes.

Models developed for dilute solutions of polymer chains
may be extended to bulk system; similarly to isolated
chains, in dense systems, in fact, trans/gauche transitions
result in rotational fluctuations of dipoles over the chain
where the dipole itself is rigidly attached [43]. In dense
polymer systems, such as concentrated solutions or bulk
melts, the probability that the dipoles of different chains
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Fig. 1. Sketch of the approaches currently used to perform dielectric spectroscopy on ultrathin films: a) Films capped between
two conductive layers. b) Supported films deposited onto a conductive layer separated from the upper electrode via nanospacers.
c) Interdigitated comb electrodes (IDE). d) Local dielectric spectroscopy (LDS).

are orientationally correlated is high. In these cases, both
intramolecular and intermolecular cooperativity should be
taken into account. As regarding the dielectric signal, in
fact, the polarization P , corresponding to the dipole den-
sity in a volume Vm, is given by

P =
1

Vm

∑

chain

∑

repeating unit

μi, (4)

where μi is the mean dipole moment in the repeating unit
i. Equation (4) can be then further expanded by consider-
ing the different contributions due to self-correlations and
to cross-correlations within dipoles of different repeating
units

〈
μ2

〉
=

N∑

i=1

〈
μ2

i

〉
+ 2

N∑

i=1

∑

j<i

〈μiμj〉 . (5)

As a result from the model, a characteristic time linked to
the conformational transition is related to τα, the relax-
ation time of the α-process.

From numerous experimental work it results that the
structural relaxation time has non-Arrhenius temperature
dependence [13]: the apparent activation energy of the
process increases upon cooling and shows a typical be-
havior that can be well described by the Vogel-Fulcher-
Tammann (VFT) [45–47] empirical equation

τ = τ∞ exp
(

Ea(T )
kBT

)
= τ∞ exp

(
BT0

T − T0

)
, (6)

where T0 is the Vogel temperature, B a positive parameter
related to the fragility of the system, Ea the temperature-
dependent apparent activation energy and τ∞ the high-
temperature limiting value of the relaxation time, related
to the inverse of the phonon frequency. The value of τ∞ is
on the order of 10−11–10−15 s, while T0, which corresponds

to the temperature where the relaxation time would di-
verge, is usually 30–70K below the calorimetric Tg.

To extract quantitative information, isothermal dielec-
tric spectra were analyzed by the empirical Havriliak-
Negami (HN) function [48]

ε(ω) = ε∞ +
Δε

[1 + (iωτHN)a]b
− i

σC

ε0ω
, (7)

where ε∞ is the value of the dielectric constant in the ab-
sence of polarization processes (low temperature and high
frequencies limit), Δε, τHN, a, b indicate the dielectric
strength, relaxation time and shape parameters related
to the width and the asymmetry of the loss curves, re-
spectively. Contributions to the loss signal due to ionic
conductivity were taken into account by adding the term
on the right, with ε0 being the vacuum permittivity.

1.2 Investigating the segmental dynamics under
confinement via broadband dielectric spectroscopy

In the last decade different experimental approaches have
been introduced to investigate the structural relaxation
dynamics in ultrathin films by dielectric spectroscopy. The
major technological challenge was represented by the de-
sign of the cells capable to apply a difference of voltage
to films placed between electrodes, whose distance is re-
duced down to a few nanometers. On the other hand,
the dramatic reduction of the probed volume of material
required a remarkable improvement in the sensitivity of
the instrumentation, and the reduction of eddy currents.
In the following sections we present a short overview of
the different techniques presently available, schemed in
fig. 1.
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1.2.1 Nanocapacitors (capped films)

The easiest method to apply an E-field to a polymer film
(dielectric medium) is the metallization of its two surfaces,
yielding to a nanocapacitor [11]. The preparation of these
nanometer-spaced electrodes is started via the deposition
of a metallic layer (typically 50 nm of aluminum) on a
solid substrate (e.g. silica glass). Subsequently ultrathin
polymer films are spincoated from dilute solutions directly
onto the thermally evaporated metal. The top electrode is
produced only at a later stage, when the upper surface of
the film is capped with a second layer of metal, evaporated
in the same conditions as the lower electrode. Aluminum
is preferred to other metals because of the sharpness of the
interfaces between this element and several polymers [49].
Evaporated on top of a polymer film, gold, on the contrary,
tend to diffuse through the organic medium.

A disadvantage of nanocapacitors comes from the non-
zero value of the resistance of the evaporated electrode,
since the surface of thermally evaporated Al is imme-
diately covered by a 2–3 nm layer of oxide. In terms of
an equivalent electric circuit, the series of this resistance
and the capacitance of the polymer layer gives rise to a
peak in the imaginary part of the dielectric function [50].
The maximum of the peak corresponds to (2πRC)−1,
where R is the resistance and C is the capacitance of the
film, which scales as h−1; consequently, upon reduction
of the thickness, the peak shifts towards lower frequen-
cies, limiting the investigation of relaxation spectra in the
high-frequency region. Furthermore, the roughness of the
metallic surface limits the investigation of extremely thin
films (h < 3 nm), due to the high probability of electric
shortcuts.

1.2.2 Spaced nanocapacitors (supported films)

In order to investigate ultrathin films with a free upper
surface, Serghei and Kremer proposed to employ aqueous
colloidal suspension of silica particles fixing the spacing
between metallic electrodes down to the length scale of
1μm [51]. Further development of the technique permitted
to push this distance down to ∼ 100 nm, via the use of
nanospacers, prepared by nanolithography [52].

To reduce the RC peak at high frequency, the elec-
trodes used in this cell are fabricated using ultraflat sili-
con wafers with resistivity smaller than 5mΩ. The films
under investigation are spincoated on the bottom elec-
trode, while a small amount of monodisperse silica col-
loids is dispersed on the bottom electrode; subsequently,
the two electrodes are brought in contact and slightly
pressed against each other. Alternatively, in the case of
nanopatterned spacers, the polymer is spincoated on the
flat electrode. Serghei and coworkers used this configura-
tion to probe films having thickness range between 2 nm
and 1μm. A disadvantage of this method is related to the
non-linear effects in the dielectric function introduced by
the presence of the airgap between the electrodes. How-
ever, neglecting the dispersive contribution of the air gap,
the real and imaginary part of the dielectric permittivity

of the film can be expressed as a function of the ratio of
the film thickness over the thickness of spacers, x

ε′′F = ε′′Mx
(ε′M )2 + (ε′′M )2

[ε′M − (1 − x)[(ε′M )2 + (ε′′M )2]]2 + (ε′′M )2
, (8)

ε′F = (ε′M )2 + (ε′′M )2x

× ε′M − (1 − x)[(ε′M )2 + (ε′′M )2]
[ε′M − (1 − x)[(ε′M )2 + (ε′′M )2]]2 + (ε′′M )2

, (9)

where εM is the dielectric permittivity of the whole sample
(film + air gap), while and εF is the permittivity of the
film alone.

1.2.3 Interdigitated comb electrodes (supported and freely
standing films)

An alternative approach to measure the dielectric func-
tion of ultrathin films with one free surface is given by
sensors containing interdigitated electrodes or IDEs [53–
57]. The IDE sensors are composed of a metallic structure
(usually gold or aluminum), laying on a substrate with
extremely low dielectric permittivity εsub (quartz or fused
silica). The probed films can be placed either on top of
the substrate (supported) IDEs or suspended in between
the fingers (freely standing).

The repeated couple of fingers can be considered as
electrodes in a parallel configuration, so that the total
capacitance of the sensor CTOT increases proportionally
with the number of fingers. Due to the presence of fringe
lines, the validity of this simple linear relationship is lim-
ited to films of thickness much smaller than the height of
the IDEs, D. In fact, only under the condition h � D,
the lines of the E-field penetrate into dielectric medium,
parallel to the substrate.

The spacing between the fingers s is typically in the
order of a few micrometers, which makes it necessary to
fabricate IDEs by means of UV lithography. The reduc-
tion of the lateral dimensions of the IDE structure to this
extent permits to achieve enough sensitivity to probe ul-
trathin films. In fact, these sensors allow the employment
of higher voltages compared to the parallel plate geometry
(where the spacing is nanometric) ensuring a better sig-
nal/noise ratio, without risking non-linear effects typically
encountered above 106 V/m. Following simple geometrical
considerations, CTOT increases upon reduction of s, as it
follows from

CTOT =
C0

2
(1 + εsubstrate), (10)

where C0 is the capacitance of the empty sensor, excluding
the fringe field contribution, and it is given by [58]

C0 = Npq
4
πa

ε0

∞∑

n=1

1
2n − 1

J2
0

[
(2n − 1)πs

2a

]
, (11)

J0 denotes the zeroth Bessel function of the first kind of
the variables s and a = s + w, where s and w are, respec-
tively, the width of the fingers and the spacing between
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them. p and q are, respectively, the length of the fingers
and the lateral dimension of the whole IDE (see fig. 1c).

Because of the orientation of the field, the contribu-
tions of all the sublayers (of thickness hi) to the total
capacitance also add up according to CTOT(ω, T, h) =∑

Ci(ω, T, hi). Under these conditions, the different con-
tributions to the relaxation spectra are linearly superim-
posed, which permits a more straightforward discrimina-
tion among them with respect to the parallel plate con-
figuration [59]. In view of the aforementioned advantages,
IDEs present a few complications, like the presence of a
non-metallic substrate, which senses the fringe lines of the
electric field. Furthermore, in the case of low-molecular-
weight molecules, the open configuration might allow des-
orption during measurements at relatively high tempera-
tures. Nevertheless, at the state of the art, this is the only
sensor permitting to investigate the dielectric function of
a freely standing film both in air and in a controlled at-
mosphere.

1.2.4 Local dielectric spectroscopy (supported films and
surface processes)

The last approach described in this section is the local
dielectric spectroscopy (LDS), which can be considered a
special case of electric force microscopy (EFM) [60,61].
This method employs the tip of an atomic force micro-
scope (AFM) to probe the dielectric properties of the sam-
ple [62]. A modulated voltage V (t) = V0 cos(ωt) is applied
to a conductive tip, which is kept a few nanometres apart
from the sample surface, resulting in the polarization of
the region of the sample close to the electrically charged
probe. The system tip + sample has an electric capaci-
tance, dependent on their mutual distance z and on the
geometry of the tip, that in the case of thin films can be
approximated as

C(z) = 2πε0R ln
{

1 +
R(1 − sin(θ))

z + h/ε

}
, (12)

where h is the thickness of the sample and ε is its dielec-
tric permittivity, ε0 is the permittivity of vacuum, R is the
radius of the tip of the probe, and θ is a parameter describ-
ing the aperture of the whole probe tip, assumed of coni-
cal shape (see fig. 1). On the other hand, the electrostatic
force between the tip and the sample induces a variation
of the resonant frequency of the cantilever, Δf(t), which
results from the sum of three terms: a dc shift, a term at
the same frequency of the modulation, Δfω(t), and a term
Δf2ω(t) = A · cos(2ωt − δ), where δ is a phase lag, giving
rise to the dispersive component of the capacitance.

The frequency shift can be measured by comparing
the response of the cantilever before and after the exci-
tation voltage is applied to the tip. This is achieved with
a double-pass technique, which is performed in two steps:
during the first pass, the sample is approached with the
usual tapping-mode operation. During the second pass,
the tip is lifted by a constant height, and at the same time,
the voltage is applied, inducing polarization in the sample.

Fig. 2. Normalized variation of Tα, at the indicated frequen-
cy, or Tg (≡ Tα at 1.6 mHz) (top panel) and Δε, at the
indicated temperature, (bottom panel) vs. the surface/vol-
ume ratio (inverse of thickness) for poly(vinylacetate), PVAc
(squares) (Tα (100 Hz), Δε (333 K)); PVAc (circles) (Tα

(38 Hz), Δε (322 K)); labeled polystyrene, PSDR1 (Tg, Δε
(421 K)); poly(2-vinylpyridine), P2VP (Tg, Δε (403 K)); poly-
sulfone, PSF (Tg, Δε (485 K)); hyperbranched polyester, PO-
HOAc (Tα (0.3 Hz), Δε (500K)); poly(ethylene terephthalate),
PET (Tg, Δε (363 K)). Reproduced from Rotella et al. [65] with
permission of the Royal Chemical Society.

The variation of Δf2ω(t) can be detected in both ampli-
tude and phase shift, δ, interfacing the AFM to a lock-in
amplifier. A treatment of the mathematical model which
allows obtaining the real and imaginary part of C(ω) is be-
hind the aim of this section, but it is thoroughly reported
in the literature [60,61,63].

Thanks to the use of an atomic force microscope, LSD
has the unique feature, among dielectric techniques, to al-
low probing a small portion of the film. Furthermore the
local dielectric response can be associated to the morphol-
ogy of the surface, which allows assessing the occurrence of
concurrent processes like dewetting, during dielectric mea-
surements. At the state of the art, such a method permits
to access a broad frequency range (0.5Hz–5 kHz) [64].

2 The segmental motion under confinement

2.1 The mean relaxation time

In fig. 2, we reported the thickness dependence of the pa-
rameters related to the segmental dynamics of a larger
number of polymers investigated in the capped geome-
try [65]. In particular in the top panel, we plotted the
values of the mean value of the structural relaxation time,
τ , proportional to the inverse of the frequency of the max-
imum of the relaxation peak in isothermal conditions, or
of Tα, the temperature of the maximum of the relaxation
peak in isochronal conditions. The latter parameter cor-
responds to Tg if the frequency of reference is 1.6mHz,
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(2π100 s)−1. To permit a straightforward analysis, both
quantities are given as a function of the inverse of the
film thickness, which, in the geometry of thin films, cor-
responds to the surface/volume ratio. For all the systems
investigated, τ is not affected by confinement down to a
thickness on the order of 20 nm (with exception of the
hyperbranched polyester POHOAc where the dynamics is
already perturbed at hundreds of nanometers). Below this
threshold, the dynamics gets accelerated or retarded, that
is, Tg decreases or increases. The molecular origins of these
perturbations in the dynamics are not yet clear.

Tanaka and co-workers demonstrated that, same as for
cooling, the slower dynamics in proximity of a solid in-
terface is due to an enrichment of the isotropic liquid in
“glassy structural order” (GSO) [39]. GSO here indicates
the effect of many-body interactions providing bond ori-
entational order (BOO)—e.g. face-centric cubic, or hexag-
onal close-packing in a 3D melt. The BOO, however, also
favors the presence of clusters that, not belonging to any
crystallographic symmetry group, are not able to tile the
entire space. Although direct measurements of the BOO
are not possible by conventional scattering methods, we
have recently introduced an experimental approach capa-
ble to detect a variation in BOO, based on the correlation
between dipole moments [57]. At the moment, the two-
order-parameter (TOP) model can explain only the oc-
currence of slower interfacial dynamics, and cannot thus
explain the reduction in Tg observed in proximity of solid
interfaces, as in capped films.

Scheidler et al. explained the changes in the relaxation
rate of molecules in proximity of an interface in terms of
the roughness of the substrate [66,67]. Simulations of the
structural dynamics of a Lennard-Jones liquid confined in
a box with hard walls, revealed shorter relaxation times
near flat walls (“zero” roughness), and increase in τ at
larger roughness. Consequently, the perturbation in the
relaxation time is explained in terms of a local topologi-
cal affinity between the molecules of the liquid and those
of the substrate, increasing upon cooling. The memory of
such a correlation fades after several molecular layers, in-
dependently of the substrate roughness. The experimen-
tal validity of these ideas is limited by the fact that a
change in roughness cannot be easily disentangled from a
correlated variation in interfacial energy, a quantity that
strongly affects the structural dynamics. Moreover, the
trends in fig. 2 disprove this criterion, in fact the data
were obtained from capped films where Tg increased or
decreased independently of the constant roughness of the
substrate (Al layers evaporated in similar conditions).

In this regard, Fryer et al. [68] indentified a corre-
lation between the sign of ΔTg (= T film

g − TBULK
g ) and

the substrate/polymer interactions, where small interfa-
cial energies, γPS, correspond to reductions in Tg, while
positive values of ΔTg should be accompanied by larger
interfacial interactions, that is, values of γPS exceeding
a critical threshold of 2mJ m−2. The value of |ΔTg| in-
creases upon reduction of the thickness, due to the larger
weight of interfacial layers. The advantage of this criterion
is that γPS can be promptly estimated via the Fowkes-van

Fig. 3. Shift in Tg upon confinement as a function of the
polymer/substrate interactions for different systems: PS/OTS
(orange diamonds, 22 nm supported, [68]); PS/Al (pink tri-
angles, 20 nm capped, [23]); poly (vinyl acetate), PVAc/SiO2

(green open diamond, 22 nm, supported, [32]); PVAc/Al (red
open squares, 22 nm, supported, [32]); PVAc/Au (black open
circles, 22 nm, supported, [32]); poly (ethylene terephthalate),
PET/Al (blue squares, 13 nm, capped, [16]); polysulphone,
PSF/Al (blue pentagon, 10 nm, capped, [70]); polycarbonate,
PC/Al (dark cyan star, 22 nm, capped, [71]). The arrows in-
dicate the evolution of Tg during prolonged annealing in the
liquid state.

Oss-Chaudhury-Good model of surface tension [69], start-
ing from literature values, or via measurements of contact
angles formed by (at least) three test liquids on the poly-
mer surface and/or on the substrate [16,70,71].

Although able to describe the shift in Tg for films of PS
and PMMA spincoated on octadecyltrichlorosilane (OTS),
this criterion is far from being universally valid, and can-
not explain the shift in Tg measured after prolonged an-
nealing in the liquid state, see fig. 3. If we limit our atten-
tion to the intuitive arguments of finite-size and interfacial
effects, then film thickness, and surface interactions should
be sufficient to univocally determine the deviations from
bulk behavior, that is, given a pair polymer/substrate, the
Tg of a film of fixed thickness should be unique. On the
contrary, we demonstrated that it is possible to tune the
Tg of a film without altering the quality of the spincoat-
ing solvent (same entanglement density), or the nature of
the substrate (same interfacial interactions) or the film
thickness (constant surface/volume ratio) [18,23].

In the following subsections, we describe our experi-
mental evidence correlating the deviation from bulk dy-
namics to the content of free volume in the layer ir-
reversibly adsorbed at the polymer/substrate interface.
First, we identify the signatures of irreversible chain ad-
sorption on the structural dynamics; then, we describe
how adsorption can induce both reductions and increases
in the glass transition temperature; finally, we provide
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a correlation between ΔTg and the interfacial free vol-
ume, revealing the contribution of packing frustration on
the enhancement of the structural dynamics.

2.2 The dielectric strength

In the bottom panel of fig. 1, we plotted the thickness
dependence of the intensity of the structural peak, Δε.
Upon increase of the surface/volume ratio, the dielectric
strength decreases, regardless of whether thinner films ex-
hibit a higher or lower Tg. Δε is the contribution of orien-
tational polarization to the dielectric constant [41], which
in isothermal conditions is proportional to g · 〈μ2〉, where
〈μ2〉 is the mean square dipole moment, and g is the Kirk-
wood correlation factor, taking into account the orienta-
tional correlation among dipole moments, g = 1 in case of
random orientation, and it increases when dipoles are ori-
ented more parallel to each others. Approximating the pre-
vious expression at constant g, Δε ∼ Ñμ2, where Ñ indi-
cates the density number of dipole moments, allows assign-
ing a perturbation in the dielectric strength to a change
in the number of segments relaxing on the time scale of τ .
The drop in Δε observed upon confinement hints at a re-
duction of the molecules contributing to the orientational
polarization. Remarkably, a similar phenomenon was ob-
served upon prolonged annealing in the liquid state. Mea-
surements of the dielectric function of ultrathin films of PS
performed in isothermal conditions at T > Tg, revealed an
extremely slow reduction of the dielectric strength upon
thermal annealing [23]. This drop in Δε cannot be ra-
tionalized in terms of release of mechanical stresses, be-
cause it takes place on time scales much longer than the
structural and the terminal relaxation (reptation) time,
τREP. The reptation model predicts that full equilibration
of the film is reached at time scales on the order of τREP,
after that chains have completely disentangled from the
tube induced by screening of neighboring segments. Sim-
ilar trends were reported for PMMA [24], PVAc [64], PS
labeled with polar moieties [72] and PET [73] (for this
semicrystalline polymer we carefully checked that crystal-
lization was not involved). Also in this case the reduction
in Δε hints at a reduction in Ñ , that is, chain immobiliza-
tion and the consecutive inhibition of fluctuation of dipole
moments over large solid angles.

Experiments performed in a multilayer geometry,
where we selectively placed chains of PS labeled with the
polar dye dispersed red 1 (DR1) (see subsect. 4.4), per-
mitted to verify that the reduction in orientational polar-
ization is active only when the chains are in contact with
a solid interface [11]. In fact, layers of PS-DR1 capped be-
tween films of neat PS did show a bulk-like Δε, while lay-
ers of the doped polymer spincoated on aluminum showed
a significant drop in dielectric strength, increasing upon
thermal annealing. An identical behavior was observed in
the case of films of PS-DR1 onto which we had previously
evaporated Al. This evidence, combined with calorimet-
ric scans of bulk samples, permitted to discard the pres-
ence of crystallization and crosslinking (other two possible
sources of chain immobilization), and we speculated that

the reduction of Δε is due to the irreversible adsorption
of monomers onto the substrate (hypothesis 1 ). Conse-
quently, the deviation from bulk behavior would originate
from the peculiar non-equilibrium conformations assumed
by the absorbed chains at the polymer/solid interface (hy-
pothesis 2 ).

2.3 Correlating adsorption to perturbations in the
orientational polarization

Hypothesis 1 implies that the drop of Δε upon anneal-
ing follows the kinetics of irreversible chain adsorption.
In other words, the decay rate of the dielectric strength
should be sensitive to the different regimes that charac-
terize the adsorption of monomers onto the substrate.
Considering the complexity in the reorganization of the
chains upon adsorption onto a solid substrate, we ex-
pected to have different mechanisms yielding a drop of
Δε, e.g. local changes aiming at increasing the number of
polymer-substrate contacts/surface and incorporation of
new chains into the adsorbed layer. To test these ideas,
we designed a series of experiments which enabled to
monitor Δε(t) and kinetics of thickening of the polymer
layer irreversibly adsorbed from the melt onto the sub-
strate, hads(t), during isothermal annealing in the liquid
state [23]. While the former quantity was measured con-
tinuously, the latter one was determined independently at
different annealing times, tANN, (corresponding to differ-
ent samples) in the same experimental conditions.

To avoid the impact of mechanical stresses due to spin-
coating, we worked with films previously “equilibrated”
during a pre-annealing step much longer than τREP.
Noticing that the linear deconvolution of the electrical
impedance of the whole film, as the sum of the capacitance
of the sublayers, is ensured only for non-polar systems
(i.e. where Δε/ε∞ � 1) [59], we have chosen polystyrene
(Δε/ε∞ ≈ 0.016), as model system. Nevertheless, PS has
a dielectric strength large enough to be determined pre-
cisely by an impedance analyzer, and its adsorption kinet-
ics is slow enough to permit monitoring the process in real
time.

We annealed a 21 nm thick film of PS97 (where 97
is the weight average molecular weight, Mw expressed in
kg/mol) at TBULK

g + 50K (423K), prepared as a nanoca-
pacitor (Al/PS/Al). Exploiting the symmetric character
of this confinement geometry (see subsect. 1.2.1), we re-
duced the number of free parameters and could concen-
trate on the adsorbing interface, without feeling the effects
of a surface in contact with air or vacuum. After an an-
nealing time, tANN ∼ 27 h (consider that τ ∼ 10μs and
τREP < 1 s), Δε decreased by almost 30%, while the elec-
tric capacitance in the absence of polarization contribu-
tions, C∞, increased by ∼ 3%, see fig. 4. Due to the direct
proportionality between capacitance and the inverse of the
thickness of the dielectric medium, the higher value of C∞
indicated a negligible shrinkage of the film (∼ 1 Å). On a
logarithmic scale, we noticed a constant reduction rate of
Δε(t) till tANN ∼ 2 · 103 s; after this induction time and
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Fig. 4. Comparison between the time evolution of the com-
ponent of the dielectric strength with higher decaying rate,
Δεhigh, (for a 21 nm thick film of PS97), the dielectric constant
(44 nm, PS97) and the thickness of the irreversibly adsorbed
layer obtained in the same annealing conditions (423 K). To
ease comparison, we normalized the dielectric constant between
the starting and final value of Δεhigh. In the inset: time evo-
lution of the dielectric strength (21 nm), the dash-dotted lines
indicate the traces of Δεlow, i.e. the logarithmic decay of Δε at
short and long annealing times. Reproduced from Napolitano
et al. [23] with permission of the Nature Publishing Group.

up to tANN ∼ 3 · 104 s (see fig. 4), the decay increases by
a factor 0.6.

For films of different thicknesses, we observed sim-
ilar trends although to different extents. In particular,
thicker films had relatively smaller reduction in Δε, in line
with the idea that we are dealing with an interfacial phe-
nomenon. We explained the appearance of the discontinu-
ities in Δε as the superposition of two processes charac-
terized by different rates, designated as “low” and “high”,
appearing respectively as a logarithmic contribution (lin-
ear background in a representation of Δε vs. log(t)) and
an exponential decay of characteristic time scale thigh.

Δε(t)
Δε(0)

= 1 − Λ log(t/t0) − Σ [1 − exp(−t/thigh)] , (13)

where t0 is a sufficiently short time that we fixed to 1 s,
and Λ and Σ are, respectively, the low and the high decay
rate of the drop in dielectric strength.

The thickness of the irreversibly adsorbed layer was
obtained via Guiselin’s experiment [74], where the non-
adsorbed chains are separated from the layer irreversibly
adsorbed onto the substrate upon washing in the same
good solvent used for spincoating. Investigations of melts
of PMMA [75] and PS [18] proved that the thickness of
irreversibly adsorbed layer (at constant t∗ = tANN/tads,
see subsect. 2.4) scales with N1/2, where N is the poly-
merization degree. This scaling is in line with a reflected

random walk and validated the idea of Guiselin that inter-
facial conformations are preserved within this procedure.
The thickness of the Guiselin brushes, hads, increased
with a saturating exponential, hads(t) ∼ 1− exp(−t/tads).
When plotted as a function of the logarithm of the an-
nealing time, hads(t) shows discontinuities in correspon-
dence of those in Δε(t), and an impressive affinity with
Δεhigh(t). The same results were reproduced in further ex-
periments performed in different conditions, where we var-
ied the annealing temperature, the molecular weight, and
the monomer. Consequently, we assigned Δεhigh(t) to the
process of growth of the irreversible adsorbed layer, pro-
ceeding via addition of new chains. Chain pinning brings
to a partial or total immobilization of monomers at the
interface, which hinders the structural relaxation, via a
severe reduction of the solid angle over which dipoles can
reorient. This limitation yields an effective lower mean
square dipole moment and thus a lower Ñ . The direct
proportionality between the thickness of Guiselin brush
and the drop in dielectric strength, |δΔεhigh| ∼ δhads, im-
plies that the adsorbed layer is built up in a progressive
fashion, where each immobilized chain contributes in the
same way to the thickening. This conjecture was finally
verified, see subsect. 2.5.2, by proving that δhads ∼ δσ,
where σ is the surface coverage.

2.4 Kinetics of irreversible chain adsorption and the
dimensionless number t∗

Based on the trend generally observed in dilute solu-
tions, we propose a time evolution of the thickness of the
layer irreversibly adsorbed from polymer melts, including
a crossover between a power law and a logarithmic growth,

hads(t) =

{
ht=0 + vtα, t < tcross,

htcross + Π log t, t > tcross,
(14)

where tcross is the crossover time, v and Π express the
growth rates in the different regimes and α indicates the
type of diffusion processes involved. The slower growth
rate at t > tcross is due to a change in the chain con-
formations in the adsorbed layer. The first chains arriv-
ing on the substrate (t < tcross) spread onto the surface
and adopt flat conformations, where the component of the
gyration radius parallel to the substrate exceeds the per-
pendicular one. At larger values of σ, the probability to
find sufficiently large spots permitting flat conformation
decreases and insertion of new chains is possible only via
relaxation of previously adsorbed chains [76,77]. More-
over, as the number of polymer/substrate contacts per
chain drops upon annealing, at t > tcross, before adsorbing
molecules have to stretch to diffuse through the existing
layer. In this second regime, the number of trains (ad-
sorption of consecutive monomers) is reduced, while that
of loops increases [78]. Although adsorption yields a reduc-
tion in free energy due to the enthalpic gain achieved upon
pinning, the reduction in the number of allowed conforma-
tions in this late stage of adsorption corresponds to a se-
vere entropy loss. On this regard, Ligoure and Leibler [79]
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Fig. 5. Comparison between an exponential fit (red line) an a
power law/logarithmic fit (green line) for the kinetics of thick-
ening of the layer irreversibly adsorbed from melts of PS97
onto Al, at 423K. The red arrow indicates the characteristic
adsorption time, tads, while the crossover time, tcross, is indi-
cated in green. The same data are plotted in the inset as a
function of the time of annealing in a linear scale.

recognized that previously adsorbed chains can be consid-
ered as a potential opposing to thickening of the interfa-
cial layer. The resulting reduction in the growth rate is
well described by a logarithmic regime, confirmed by sim-
ulations and successive experiments. With these consid-
erations in mind, we introduced a dimensionless number
t∗ = tANN/tcross, which is particularly helpful in the de-
scription of the changes in the adsorbed layer upon the
transition in the structure of the adsorbed layer during
its formation [23]. t∗ was furthermore used to define a
criterion for equilibration of polymer melts near an in-
terface [80] and to determine the onset of the regime of
confinement where the crystallization rate significantly de-
viates from bulk value in semicrystalline polymers [73].

Due to the large errors in the determination of hads

(or of the adsorbed amount), however, several authors pre-
ferred to describe the kinetics of thickening of the Guiselin
brush via a more general exponential form of the type [75]

hads(t) = h(t = 0) + hmax
ads

{
1 − exp[−(t/tads)β ]

}
, (15)

where hmax
ads is the thickness of the layer after long anneal-

ing time (t∗ � 1) and tads a characteristic time always
smaller than tcross, in the particular case of PS97 on Al
tcross/ tads ≈ 1.4, see fig. 5. We stress that t∗ should not
be interpreted as an absolute value, but just as an order
of magnitude, consequently, as tcross ∼ tads, we can alter-
native define t∗ = tANN/tads.

In the case that the slope of the logarithmic growth
is not too large, it is not possible to distinguish between
the “power law/logarithmic” and the “saturating expo-
nential” scenario, especially when the data are plotted as a

Fig. 6. Ratio between the characteristic adsorption time, tads,
and the structural relaxation time, τ , for several polymers.

function of the time, and not of its logarithm, see fig. 5. In
addition to having less free parameters (4 vs. 6), although
less precise, the exponential fit permits to estimate a char-
acteristic time also in the case that the crossover to the
logarithmic regime is not experimentally observable (as in
the case of extremely slow processes, or fast degradation).
The meaning of the exponent α is more evident if we ap-
proximate eq. (15) at short annealing times, for t � tads

we have hads(t) ∼ tβ , thus α = β. If we assume that in the
early stages of adsorption the surface coverage is limited
by Brownian motion along the direction x, 〈x2〉 ∼ σ ∼ t,
and considering that δσ ∼ δhads see subsect. 2.5.2, then
we get hads(t) ∼ t and β = 1, a trend observed for melts
of PS [23], PMMA [75] and PET [73].

The low rate drop in Δε is due to reorganizations in
the adsorbed layer, aiming at minimizing free energy, via
an increase of contact/surface ratio, without incorpora-
tion of new chains. This process has an analogous dielec-
tric signature as crystal perfectioning during secondary
crystallization [81], and starts before reaching the mea-
surement temperature. This observation is in line with
the non-zero value of hads at short annealing times, or
similarly to values of Δε(tANN = 0) smaller than in bulk,
and implies that adsorption takes place already in solution
during spincoating.

Our investigation of adsorption via dielectric spec-
troscopy continued by analyzing the temperature depen-
dence of the adsorption time in a series of samples of PS
of different Mw, both homopolymers and partially deco-
rated with polar moieties spincoated on Al [72]. The value
of tads drastically increased upon cooling, in line with the
idea that adsorption is mostly governed by diffusion. As
the temperature dependence of the diffusion of a chain
in its own melt was not known for all the systems inves-
tigated, to further check the validity of this scaling, we
compared tads(T ) to τ(T ), which can be deduced in the
same annealing experiment. The temperature dependence
of the structural time (rotational motion) is in fact similar,
although not identical, to that of translation modes [82].
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For all the systems investigated, the order of magni-
tude of the ratio tads/τ seems temperature independent,
implying that the activation energy of irreversible chain
adsorption is comparable to that of the structural relax-
ation (see fig. 6). Such a strong coupling permits to es-
timate the value of tads also in the case of prohibitive
experimental conditions. In fact, while τ(T ) can be easily
measured also below the calorimetric Tg, the transition
between the power law and the logarithmic regime can
be experimentally detected only at much higher tempera-
tures, e.g. for PS97 log(tads/τ) is 10.5, that is, at Tg where
t = 100–1000 s, tads ≈ 1013 s > 30000 years.

2.5 Correlation between interfacial structure and
global film dynamics

2.5.1 Glass transition temperature and the thickness of the
irreversibly adsorbed layer

To validate our hypothesis on the correlation between con-
formations in the adsorbed layer and dynamics (hypothesis
2 ), we formalized the link between the structure of the ad-
sorbed layer and the segmental motion. We assumed that
the shift in the glass transition temperature of a thin poly-
mer film is enslaved to the Tg of the layer irreversibly ad-
sorbed onto the substrate and that the structural dynam-
ics is governed by the local abundance of free volume [18].
Considering that the adsorbed layer is formed by grad-
ual filling of empty sites present at the polymer/substrate
interface, we speculated that in the early stages of adsorp-
tion (t∗ < 1), the content in free volume exceeds the bulk
value. This excess in free volume can be treated as pack-
ing frustration inducing an enrichment in the population
of segments relaxing with faster dynamics, that is, a re-
duction in Tg. Upon further annealing, more chains adsorb
at the interface, and the excess in free volume drops, yield-
ing an increase in Tg, with respect to the value at shorter
annealing time. At t∗ � 1, two scenarios are possible:

1) the adsorbed layer has a free volume content as in bulk,
then ΔTg = 0,

2) the adsorbed layer is denser than much thicker films,
then ΔTg > 0.

We could verify the proportionality between the interfacial
free volume and ΔTg [18], but it is still not clear why, after
annealing at times much longer than the crossover time,
the Tg of some in systems tends towards the bulk value
(no deviation from bulk value) and why in some others an
increase in Tg is instead finally observed.

Focusing on the impact of polymer/solid interfaces,
we concentrated on capped film, where no free surface is
present. This permitted to deal with symmetric profiles
of molecular mobility, see subsect. 4.4, and proceed to a
straightforward analysis of our results. To verify our con-
jecture on the link between Tg and hads, we measured,
by means of capacitive dilatometry [15,83], the Tg’s of
films of PS (thickness 20 nm) of different Mw after dif-
ferent annealing times at 423K. To avoid changes in the
adsorbed content, the cooling scan used to determined Tg

started at 413K, where the adsorption kinetics is intrin-
sically slower. As expected, the shift in Tg followed the
same kinetics as the irreversible adsorption process [23],
thus Tg(t) ∼ hads(t) ∼ Δε(t), which is in line with the cor-
relation found by Srivastava and Basu [84] between the
shift in Tg in nanocomposites and the thickness of the
polymer/filler interfacial layer. For PS capped between Al
layers, Tg is reduced compared to the bulk value at t∗ � 1,
and ΔTg reaches 0 at t∗ � 1. Consequently t∗ can be seen
as a Deborah number of the deviations from bulk behav-
ior, indicating the observation time necessary to erase the
reduction in Tg, due to packing frustration, which in the
case of scenario 1 (ΔTg = 0, t∗ � 1) corresponds to the
recovery of bulk conditions.

2.5.2 Reduction in Tg as an effect of packing frustration on
the interfacial free volume: A molding approach

Further evidence on our physical picture connecting the
interfacial free volume to the Tg of ultrathin films came
from the analysis of the distribution in relaxation times,
g(ln τ) at different t∗ [23]. In the case of PS on Al, adsorp-
tion induces a pronounced cutoff of the faster relaxation
modes. In fact, after moderate annealing times (t∗ ∼ 1),
we observed a reduction in the short times component of
g(ln τ). Further annealing (t∗ > 1) induces a reduction in
the polymer segments relaxing at slower times, character-
istic of the reduction in the concentration of trains, ad-
sorption of consecutive monomers, in fact, increases the
energetic barriers related to rotational motion. Similar
trends are found in systems like poly(4-tert-butylstyrene)
(PTBS) [19], a linear polymer containing a bulky side
group, promoting the excess in interfacial free volume
where we found a paradoxal reduction in Tg accompa-
nied by a drop in thermal expansion, see subsect. 4.6.2.
Analysis of the thermal expansion profile confirmed the
presence of a region with higher thermal expansion be-
tween an immobilized layer and the bulk, where an excess
in free volume, justifying the lower Tg, should be located.
Further indirect proofs of the role of interfacial free vol-
ume come from the observation that well annealed films
of PVAc exposed to controlled humidity do not uptake
as much water as films annealed at shorter times [64].
The transition from a hydrophilic to a hydrophobic char-
acter was justified considering that “well-annealed” films
might achieve density values larger than in bulk, and thus
have less free volume for the water molecules. Moreover,
manipulation of bulk samples via dry-freezing, permitted
to verify that the glass transition temperature decreases
upon increase of the interchain distance, which is in line
with our idea [85]. Wöll and coworkers demonstrated that
the heterogeneous character of the glassy dynamics is at-
tributed to the gradient of density and free volume in sup-
ported films [86,87]. Recent simulations by Tito et al. [88]
further strengthened this link, showing how the propa-
gation of free-volume colonies affects the glassy dynam-
ics. de Gennes proposed that free volume can be trans-
ported within the film via the propagation of “kinks”
along loops formed on the chains [89]. Lipson and Mill-
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ner further verified that this mechanism is quantitatively
in line with the deviations on the Tg of thin films [33].
Glynos et al. proposed that the increase of Tg on high-
functionality and low-arms-molecular-weight star-shaped
polymers is due to the inhibition of the mechanism sug-
gested by de Gennes [28].

Star-shaped polymers, in fact, tend to pack more effi-
ciently than their linear analogs in proximity of the free
surface. Cangialosi, Boucher and coworkers showed that
the decoupling between segmental mobility and the dilato-
metric glass transition can be related to the diffusion of
free volume holes towards the interface [34,90–94], and a
similar concept was used to provide a molecular picture
for physical aging [95,96]. To quantitative verify our pic-
ture, we designed a novel experimental method, able to
quantify the changes in the dynamics upon the reduction
of the amount of interfacial free volume, ζ, here intended
as space available for the molecular relaxation [18].

Our assumptions imply that the increase in hads should
be linearly proportional to the reduction of free volume at
the polymer/metal interface

ζ(t∗) ∼ const − hads(t∗) (16)

and that an increase in interfacial free volume should cor-
respond to a reduction in Tg

ζ(t∗) ∼ const − ΔTg(t∗). (17)

The use of t∗, rather than t, indicates the possibility to
rescale data sets with different adsorption kinetics.

We could not obtain values of ζ via scattering tech-
niques due to reduced volume and the small density dif-
ference (≤ 1%) of the samples; similar complications were
encountered via scanning probe microscopy because of the
difficulties related to the characterization of buried inter-
faces and thin films. Moreover, while we expect that the
value of ζ is a constant fixed by t∗, the spatial distribution
of virtual holes constituting the interfacial free volume, in-
stead, fluctuates on the time scale of τ . To overcome these
issues, we introduced a molding-like approach where the
Guiselin brushes were in direct contact with a reservoir of
probe molecules [18]. Upon thermal annealing the probes
diffuse inside the adsorbed layer and irreversibly adsorb
in the volume still free at the PS/Al interface, see fig. 7
for a cartoon of the experiment. The drop in Δεhigh of the
probe after a long diffusion time provided a measurement
of ζ.

For this experiment, we built up multilayer films of
a low molecular weight (Mw ∼ 20k, thickness hl-PS =
50nm) polystyrene labeled with {4-[(4-cyanophenyl) di-
azenyl] phenyl}(methyl)amino, a highly polar side group
(l-PS) [97], on top of the irreversibly adsorbed layers of
PS. The measurements were performed in the same way
as for single layers of PS, that is, in the capped geometry;
due to ratio between the thickness of PS and that of l-PS
and the much higher dielectric strength of l-PS, the dielec-
tric strength of the Guiselin brush was < 4% of the total
dielectric strength of the multilayer, and thus neglected in
the analysis. Based on the correlation between τ and tads,

Fig. 7. Scheme (not to scale) of the molding approach used to
determine the interfacial free volume ζ (white circles in the left
lower panel), seen here as the opposite of the surface coverage
of PS (blue circles). a) To determine ζ, we placed a thick film
of l-PS (a probe oligomer, red) on top of the interfacial layer
of PS (blue). b) The probes diffuse into the interfacial layer
and finally occupy the free volume at the PS/Al interface, not
yet occupied by PS (green). We follow the reduction of dielec-
tric strength while the probes irreversibly adsorb (green/red
circles). The final drop in Δε is proportional to the number
of probes immobilized, and thus to the interfacial free volume.
Reproduced from Napolitano et al. [18] with permission of the
American Chemical Society.

the samples were annealed at 398K, a temperature where
the adsorption kinetics of PS97 on Al takes place over 10
days, that is, the adsorption degree of the Guiselin brush
is constant during the molding experiment.

Same as what observed for single PS layers, |Δεhigh(t)|
increased after an induction time necessary for the diffu-
sion of l-PS over the layer of PS, followed by adsorption
onto Al [97]. At much longer annealing times the major-
ity of the available space at the PS/Al interface was fi-
nally filled by l-PS segments, and |Δεhigh(t)| reached an
almost constant value (a constant value is expected by
approximating this quantity in the form eq. (15)). Conse-
quently our molding-like approach allowed estimating the
local free volume as

ζ ≡ lim
t→∞

[Δεhigh(t)]. (18)

This correlation is possible because the final drop in
Δεhigh (obtained via an exponential approximation) is
proportional to the amount of segments of l-PS that could
eventually adsorb on the interfacial free volume not al-
ready occupied by chains of PS.

In line with our expectations, for interfacial layers of
PS97 extracted from bulk-like samples annealed in the
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condition t∗ < 1 (i.e. less for than 14 h at 453K), ζ
followed the scaling const − hads. On the contrary, for
Guiselin brushes prepared at t∗ > 1, the reduction in ζ
was more pronounced, in line with the onset of a rear-
rangement in the structure of the adsorbed layer, favoring
more efficient packing, that is, containing less specific free
volume. Samples annealed for tANN > 14 h resulted in
ζ = 0, in line with the recent results of Gin et al. [80],
revealing a lack of thermal expansion in samples prepared
at t∗ � 1.

To complete the validation of eq. (17), we prepared
interfacial layers having comparable thickness (within
0.5 nm), annealed for the same tANN, but different Mw

and thus different t∗. Regardless of the Mw, all the new
samples corresponded to t∗ � 1, and their free volume
content was comparable to that of PS97 prepared in the
same conditions. The impact of the changes in interfa-
cial free volume is not limited to the chains at the very
interface. Broad experimental evidence supports the idea
that the influence of substrate interactions, which we can
read here as the effect of adsorption, propagate over larger
length scales, proportional to the gyration radius (statis-
tical dimension of a random coil) Rg, which can exceed
hundreds of nanometers [98,99]. Although at early stages,
only segments at the very interface are subjected to those
conformational changes, prolonged annealing enables the
formation of loops whose centre of mass is located at sev-
eral tens of nm away from the polymer solid interface.

The use of samples having similar thickness but dif-
ferent t∗ permitted also to finally verify that the thick-
ness of the sample is not a key parameter in the devi-
ation from bulk behavior. In fact, the determination of
the glass transition temperature of samples of constant
thickness (∼ 20 nm), and the same molecular weight and
annealing conditions as those used to determine the in-
terfacial free volume, validated eq. (17), see fig. 8. Con-
sequently we were able to assign the molecular origin of
the enhancement in glassy dynamics in proximity of an
adsorbing interface to a localized reduction in monomer
density. We are currently performing further experiments
to check the validity of such a correlation in the case of
slower interfacial dynamics (scenario 2, ΔTg > 0, t∗ � 1).

In conclusion, film thickness and interfacial interac-
tions are not sufficient to fully predict the properties of
macromolecules under confinement; models trying to de-
scribe the deviation from bulk behavior should also con-
sider the perturbation in the free volume arising from
chain adsorption.

2.6 Slow adsorption kinetics, re-entanglements
dynamics and non-equilibrium

The correlation between the interfacial free volume and
the glass transition temperature of capped thin films high-
lighted in the previous section implies that the deviation
from bulk behavior have a finite lifetime. Consequently,
the properties of polymers confined at the nanoscale
level should be associated to metastable thermodynamic
states [100], evolving towards equilibrium via a driving

Fig. 8. Correlation between the local free volume and the shift
in Tg for for PS97 (blue circles), PS160 (red diamond), PS640
(green star), PS932 (black triangle). In the inset, shift in Tg as
a function of the thickness of the irreversibly adsorbed layer.
Reproduced from Napolitano et al. [18] with permission of the
American Chemical Society.

force, which in our reasoning is arising from irreversible
chain adsorption. In the next subsections we review pre-
vious literature on the “equilibration” conditions for thin
films, relating it to adsorption phenomena.

The signature of non-equilibrium on the dynamics and
on the static properties of thin polymer layers is marked
by the presence of extremely slow relaxation processes,
of a time dependence on the value of quantities mea-
sured during prolonged annealing in the liquid state, at
tANN � τREP. Reiter and de Gennes proposed that the
metastable nature of thin polymer films is due to the
formation of an internal rigid chain network, induced by
the fast solvent evaporation [101]. While the network is
stable upon thermal treatment in the glassy state, the
authors suggested the possibility to recover equilibrium
upon prolonged annealing in the liquid state, at times ex-
ceeding τREP. Once this condition is reached, the network
would heal and the film, if not thick enough, would become
unstable towards long-range van der Waals interactions,
causing rupture and dewetting [102]. Such a phenomenon
can be avoided if the adsorption of chains in the prox-
imity of the interface is energetically favorable. Moreover
Reiter and de Gennes recognized that the formation of
a Guiselin brush might strengthen the network and thus
increase the lifetime of the metastable state. Recent ex-
perimental evidence seems to validate this idea, suggest-
ing that the stability of thin films against “equilibration”
actually requires time scales much longer than the rep-
tation time. Barbero and Steiner probed the rheology of
films of PS on Si by stimulating thermal fluctuations via
an electric field [103]. They found that the viscosity of
as-cast films is smaller than in bulk, and that prolonged
annealing above Tg (equilibration time, teq � τREP) are
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not always sufficient to recover the bulk condition. Further
investigation confirmed the first trends and the impossi-
bility to equilibrate high molecular weight samples [104].
Similar experiments were performed by Tsui and cowork-
ers, who analyzed the surface viscosity via atomic force
microscopy [105].

The origin of such long-lasting metastable states
was imputed to the fast solvent evaporation leaving
the chains in non-equilibrium conformations, where the
overlap among random coils could not reach the melt
limit [104,105]. At the concentrations characteristic of
nanometers-thick films (∼ 1–10−2 w/w%), chains are or-
ganized in circumscribed random coils, not overlapping
with each other. During spincoating, the solvent con-
tent drops and when the volume fraction of the polymer
reaches a critical value, the film vitrifies [106,107]. The
chains are thus trapped in packing geometries with a lower
entanglement density, yielding a lowered viscosity.

But why do chains do not reach equilibrium when an-
nealed for t > tREP? The ambiguity of equilibrium con-
ditions based on reptation arises from the assumption
that the time necessary to escape the virtual tube ex-
erted by neighboring chains (disentanglement time, τREP)
equals the time necessary to build up the entanglement
network starting from two separated random coils (re-
entanglement time, teq). On the contrary, molecular dy-
namics simulations revealed that the re-entanglement time
can exceed by several orders of magnitude τREP, due to
the low rate of successful collisions between coils permit-
ting wetting between two single entities, followed by in-
terpenetration [108]. Teng et al. reported a separation
between teq and τREP larger than 2–4 orders of magni-
tude, by measuring the decay in elastic modulus of freeze-
dried samples of PS205 during annealing in the liquid state
(Tg + 50K) [109]. Xue and coworkers had previously ver-
ified that in freeze-dried samples, the interchain distance
exceeds the normal bulk values, implying a less efficient
interpenetration [85].

In addition to the re-entanglement process, we need to
consider also the role of irreversible chain adsorption, as
a concurrent driving force keeping the system out of equi-
librium over time scales much larger than τREP. Differ-
ently than small molecules, polymers encounter larger dif-
ficulties in reaching equilibrium conformations [110]. After
adsorption of a monomer onto the substrate, the rest of
the chain can spread over the available surface before ad-
sorbing on the next available pinning site. Similarly as in
the case of a non-patrolled parking space, such a sluggish
kinetics does not permit to cover efficiently the surface.
Thus, if previously adsorbed chains cannot relax via re-
duction of the number of contacts per unit area, chains ar-
riving at a later stage need to stretch and diffuse through
the existing layer to further reduce the free energy [77,
111]. The logarithmic growth in the latest stage of ad-
sorption is a signature of this phenomenon [79,112]. Fur-
ther experimental evidence of this dual mechanism was
provided, for example, by infrared analysis of conforma-
tional substrates [113], a combined investigation of dielec-
tric spectroscopy and secondary harmonic generation [72],
and more recently by X-rays reflectivity [80]. The presence

of chains having a significantly different bound fraction
implies that the energy landscape of the adsorbed chains
can be bimodal, and thus not representative of a system
at thermodynamic equilibrium.

Is it possible to equilibrate chains confined in thin
films, while they adsorb? Due to the correlation between
the kinetics of irreversible adsorption and the time evo-
lution of Tg during an annealing in the liquid state, we
would be tempted to reply no. In fact, reorganization in
the adsorbed layer can be so slow that chain degradation
occurs before reaching equilibrium. But considering the
neat reduction in the growth rate at t∗ � 1, we might as-
sume that in this late stage the changes in the dynamics
are practically undetectable. Thus we introduced the con-
dition t∗ � 1 to indicate a steady state mimicking ther-
modynamic equilibrium, a condition which can correspond
to, but is it not strictly bound to, bulk behavior [23].

In the case of melts of PS physisorbed on Al, t∗ has
a strong molecular weight dependence, with the adsorp-
tion time increasing at larger molecular sizes [23]; on the
contrary, for melts of PMMA on quartz [75], and dilute
solutions of PS on gold [114], the adsorption rate, v, see
eq. (14), and the onset of the saturation regime, hads ≈
hmax see eq. (15), seem Mw-independent, implying a con-
stant value of t∗ within the experimental limits. This as-
pect contributes to the non-universality in the adsorption
kinetics of polymers onto solid substrate, a feature shared
by the deviations from bulk behavior, which further in-
creases the correlation between the two phenomena.

3 Scaling of the α-relaxation upon
confinement

Molecular dynamic simulations have proven that the im-
pact of interfacial interactions is temperature depen-
dent [115]. In particular, the investigation of dense poly-
mer melts confined between two hard walls [67,115], re-
vealed that the length scale involved in the perturba-
tions of the structural properties introduced by an attrac-
tive interface grows exponentially upon cooling. Owing to
the correlation between structure and dynamics, a similar
scaling was found also for the local dynamics, expressed by
τ and Tg [59,66,67,116]. These considerations imply that
the effect of a deviation in the dynamics (e.g. due to the
presence of an irreversibly adsorbed layer) should vanish
at sufficiently at high temperatures, where the bulk behav-
ior is finally recovered [117,118]. Considering the analogy
between temperature and time in relaxation experiments,
a bulk-like response is also expected at short observation
times, that is, high frequencies or high scanning rates. In-
deed, Fakhraai and Forrest proved that the shift in Tg

in ultrathin films depends on the cooling rate, and that
larger variations of Tg are obtained at smaller scanning
rates [119]. Similarly, we demonstrated that this trend is
consistent with the anomalous response of extremely thin
films (< 6 nm) of apolar polymers [19,117], where the elec-
tric capacitance increases upon heating, which could hint
at a negative thermal expansion coefficient. We rational-
ized this observation in terms of desorption of polymer
chains and thus a larger dipolar activity, upon heating.
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Fig. 9. Impact of temperature on the shift in the frequency of the maximum of the structural relaxation of films of different
thickness of P2VP-capped Al layers. Note how the separation between the loss peaks reduces at high temperature.

A clear manifestation of these effects in polar poly-
mers is given by the observation that the shift in the τ
upon confinement gets reduced at higher frequencies, see
fig. 9. We could formalize this trend considering the dy-
namic response of an ideal bilayer system (BULK + ad-
sorbed layer), in which we assumed that the only param-
eter changing along with the film thickness is the Vogel
temperature (or in an equivalent way, the glass transition
temperature) [120].

It is noteworthy noticing that our reasoning does not
require the introduction of a temperature dependence in
the thickness of the adsorbed layer. On the contrary, the
effects we describe are related to the temperature depen-
dence of the impact on the global dynamics of a layer of
constant thickness, but Vogel temperature different than
in bulk. Under these conditions, following a similar scaling
proposed for the mode coupling theory [116], the Vogel-
Fulcher-Tammann equation can be written as

τ(h, T ) = τ∞ exp
[

BT0(h)
T − T0(h)

]
. (19)

We noticed that the analytical form of eq. (19) resembles
other expressions used to characterize the impact of an ex-
ternal force on the temperature dependence of structural
relaxation time, where for example the pressure [121], or
the degree of polymerization [122] replace the thickness.
Such a comparison is justified considering that in the ge-
ometry of thin films the inverse of the thickness corre-
sponds to the surface/volume ratio, which indicates the
balance between the bulk-like and the interfacial relax-
ation behavior.

The experimental validity of eq. (19) was confirmed by
a careful analysis of the thickness, frequency and tempera-
ture dependence of the dielectric function of poly(2-vinyl
pyridine), P2VP [120]. The dielectric spectra in isother-
mal conditions were analyzed in terms of the empirical

Fig. 10. In the inset: frequency of the maximum of the struc-
tural relaxation process of the different film thicknesses, as a
function of 1000/T . The same curves were superimposed by
rescaling the temperature by the dimensionless parameter θ,
described in the text Reproduced from Napolitano et al. [120]
with permission of the American Chemical Society.

HN function, which permitted a reliable and solid deter-
mination of the structural relaxation times, also in the
case of broad and asymmetric peaks.

Regardless the thicknesses, τ(T ) followed a non-Ar-
rhenius behavior, see inset in fig. 10. This trend is not
in line with what observed in for polymers [123] and
low-molecular-weight glass-forming systems confined in
nanopores [124], see subsect. 4.2, where a non-cooperative
Arrhenius process was observed below a critical volume.
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On the contrary, the same behavior of P2VP was found in
the majority of the other systems investigated in the ge-
ometry of thin films, including glycerol [55]. Consequently
we speculate that the trend described by eq. (19) is rep-
resentative of the scaling of the α-relaxation under 1D
confinement.

As a result of the fits, τ∞ and B were thickness inde-
pendent, while T0 and thus Tg (which in this case simply
reads T0(B/ ln(τg/τ∞)), where τg is the relaxation time
at Tg) sharply increased for samples thinner than 20 nm.
It was thus possible to superimpose all the experimental
curves by rescaling the temperature over the dimensionless
parameter θ(hT ) = T/T0(h)− 1, so that eq. (19) becomes

τ = τ∞ exp(B/θ). (20)

The corresponding master curve is displayed in fig. 10.
The physical meaning of our assumptions is evident con-
sidering the exponential term of the VFT as the temper-
ature dependence of the activation energy of the relax-
ation modes involved in the structural process [37]. This
is possible by rewriting eq. (20) as Ea(T )/kBT = B/θ,
which implies that a higher value of the Vogel tempera-
ture corresponds to higher effective activation energy for
the structural relaxation. Consequently the increase of T0

observed upon thickness reduction for ultrathin films of
P2VP reveals an increase in the potential wells, reducing
the probability for rotational jumps in the adsorbed layer.
In line with our findings on the reduction of Tg, we propose
that such a higher barrier is the effect of a reduction of free
volume (densification) in proximity of the metallic inter-
face, yielding a larger correlation between monomers, and
an enrichment in the population of relaxing units (here,
dipole moments) associated to slower relaxation modes.
The positive value of ΔTg is thus related to a higher value
of T0 in proximity of the adsorbing interface [125]. Analo-
gously, simulations have shown how the potential energy
minima connected to the different relaxation modes are
deeper for the molecules in proximity of an attractive in-
terface [67].

The feasibility of the scaling of τ(h, T ) over θ provided
new insight on the potential energy landscape (PEL) of
chains in the adsorbed layer. Considering the small varia-
tion of T0 (< 2% at 8 nm), we speculate that the shape of
the PEL of the adsorbed layer is not particularly different
than in bulk, which is consistent with the evidence that,
except in a few cases [70,126], the dynamic fragility, mp,
does not depend on the film thickness. Under the condi-
tions validating our scaling (B and Tg/T0 constant), in
fact, we obtain

mp ≡ ∂ log τ

∂(Tg/T )

∣∣∣∣
T=Tg

=
B

ln 10
Tg/T0

(Tg/T0 − 1)2
= const.

(21)
This reasoning implies that the relaxation of glass-forming
systems in proximity of an adsorbing interface requires the
same mechanism as in bulk, as remarked for example by
Ngai [127]. Moreover, the validity of eq. (20) implies that it
is always possible to relate the relaxation rate of a thinner
film to that of a bulk sample at lower temperatures, that

Fig. 11. Confinement energy for PET, P2VP and glycerol as
a function of the distance from Tg.

is, the increase in relaxation time in proximity of a solid
interface has the same molecular origin as the increase in
relaxation time upon cooling. This idea is in line with the
prediction of the TOP model, explaining the slower inter-
facial dynamics similarly as for vitrification upon cooling,
in terms of an increase in interparticle correlations, not
driven by changes in density [39].

With these considerations in mind, we treated sub-
strate interactions as small perturbations on the value of
the Vogel temperature, δT0, which yields, at the first or-
der, a correction factor in the activation energy, E(1)(T ).
We demonstrated that it is possible to build up this pa-
rameter, starting from experimentally achievable quanti-
ties

Δ(h, T ) = ln
[

τ(h, T )
τ(∞, T )

]
=

|E(h, T ) − E(∞, T )|
kBT

≈ E(1)(h, T )
kBT

, (22)

where with ∞ we indicate the unperturbed response of a
bulk system. In fig. 11 we plotted the values of Δ(h, T )
for ultrathin films of different polymers and of the low-
molecular-weight glass-former glycerol. Thinner samples
show higher values of Δ(h, T ), but, regardless of film thick-
ness, the confinement effects reduce upon heating, as ex-
pected [119,125].

In subsect. 4.5, we describe a method to determine
the length scale of interfacial interactions, ϕ, based on the
thickness dependence of the contribution of the orienta-
tional polarization to the dielectric constant [65]. When
the thickness dependence of the dielectric strength was
available at different temperatures, we could analyze the
impact of supercooling on the mobility profiles, and verify
that even in this case the deviation from bulk behavior
showed the expected temperature dependence.

The results of the computations, summarized in fig. 12,
confirmed a reduction of the penetration depth of the in-
terfacial interactions upon heating, manifesting as smaller
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Fig. 12. Temperature dependence of the penetration depth
of the dielectric strength ϕ, normalized to the radius of gyra-
tion Rg (∼ 25 nm), for PS-DR1 (top panel); the red curve is a
smooth function used as guide for the eyes. The same smooth
function was used to obtain the temperature dependence of
the local dielectric strength Δε(x, T ) for an 80 nm thick film
(bottom panel). Reproduced from Rotella et al. [65] with per-
mission of the Royal Chemical Society.

values of ϕ when the temperature of the polymer melt is
raised. In the limit of high temperatures, T > 1.15Tg, ϕ
approaches the gyration radius while extrapolation at Tg

confirmed that in a deeply supercooled melt the Rg is not
the largest length scale characterizing the size of the in-
terfacial region. In fact, already at 1.07Tgϕ > 2Rg and at
Tg ϕ might exceed by ten times the molecular size.

Our results could finally validate the prediction of
previous molecular dynamic simulations [115], where the
growth of the length scale of the perturbations in the dy-
namics introduced by an interface increases exponentially
upon cooling, with an activation energy weaker than that
of τ , that is d lnϕ/d(T−1) < d ln τ/d(T−1). In particular,
for labeled polystyrene (PSDR1), we found that the ther-
mal activation barrier of ϕ is 35±2 kJ/mol, i.e. 6–7 times
smaller than the activation energy of the structural relax-
ation time in the same temperature range [11], while for
polycarbonate we obtained values 10 times smaller [71].
This implies that a small variation in the structure pro-
duces larger effects on the dynamics, as observed also in
bulk. At the molecular level, we speculate that the elec-
tric polarization can sense this phenomenon because of a
reduction in the preferential orientation of the dipole mo-
ments in the adsorbed layer upon heating, which results
in a virtual thinning at higher temperatures.

4 Gradients of structural relaxation under 1D
confinement

A general feature of the dynamics upon confinement is
the manifestation of a gradient of mobility introduced
by the presence of interfaces. Molecular motion at the

very interface with air (or vacuum) is facilitated by dif-
ferent molecular configurations arising from surface or-
dering and an intuitive increase of free volume. On the
contrary, a slower dynamics is encountered in the case of
densely packed chains due to the lesser space available
for molecular motion. These perturbations propagate to-
wards the core of the film and die out gradually with the
distance from the interface, giving rise to a smooth gra-
dient of relaxation times, or equivalently to a distribution
of glass transition temperatures [89]. Such a gradient re-
vealed by molecular dynamics simulations was confirmed
by several experimental approaches. In particular, by plac-
ing a (fluorescent) dye-labeled polymer layer at a specific
position within a stack of unlabeled polymer layers, El-
lison and Torkelson could determine a volumetric glass
transition temperature averaged over a depth region of
typically 15 nm [128]; as an outcome of this experiment,
the authors determined that, for PS, the effects of free sur-
faces on the reduction in Tg covers 30 nm. By monitoring
the embedding of gold nanospheres onto surfaces of PS,
Fakhraai and Forrest verified that the segmental mobility
of a 2 nm surface layer is enhanced by more than 10 orders
of magnitude in comparison to the bulk [17]. Dinelli et al.
indicate a similar upper limit for the region with different
viscosity on top of supported films of PS [129,130]. In the
case of solid interfaces, much larger length scales seem to
be involved. Rittingstein et al., found, for example, that
the increase in Tg in nanocomposites of silica in P2VP
can arrive up to interlayer spacings of 500 nm [98]; while
Koga et al., by measuring the viscosity of thin films of
PS99, verified that free surface can “feel” the presence of
an irreversibly adsorbed layer up to 50–60 nm [131], that is
about 6Rg. Regardless of the different penetration depths
reported in the literature, the manifestation of a gradient
of mobility is ubiquitous.

4.1 Broadening of the structural peak as seen by
dielectric spectropy

In our work, we aimed at verifying whether also the α-
relaxation feels the presence of such a gradient and what
is its molecular origin. In their seminal work on the use
of dielectric spectroscopy in the investigation of ultrathin
polymer films, Fukao and Miyamoto observed a broaden-
ing of the structural peak of films of PS capped between Al
layers, increasing upon reduction of the film thickness [15].
Serghei and Kremer, noticed that the shape of the struc-
tural peak of samples probed by their apparatus for sup-
ported films (see subsect. 1.2.2) is not affected by the re-
duction of the layer thickness. Claiming that the structural
relaxation does not feel the effects of confinement, they
suggested that the broadening reported in capped films is
instead imputable to the presence of the aluminum elec-
trodes [132]. On the contrary, Nguyen et al. investigated
poly(vinyl acetate) by local dielectric spectroscopy and
reported a broadening following the same phenomenology
as in capped films [32]. Similarly, in multilayers experi-
ments we found a distribution in Tg and Δε [11], and us-
ing IDE we detected a thickness dependence in the shape
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parameters of thin glycerol films, and in the widths of the
α-peak of freely standing films of PS [133]. Thus, we can
conclude that the broadening in the α-peak is a genuine
effect, given by the effect of interfaces on the distribution
of relaxation times.

The (asymmetric) broadening of the α-peak upon con-
finement was often interpreted in terms of the effect of
spatial heterogeneity on the dynamics, which yields larger
distributions of relaxation times. By means of the HN
function and the formalism introduced by Schönhals and
Schlosser [44], it is possible to quantitatively analyze the
changes in the structural peak, relating the limiting slopes
of the α-process in a plot of log(ε′′) vs. log(ω) to the
shape parameters a and b: for ω � 1/τHN, ε′′ ∼ ωm and
ε′′ ∼ ω−n for ω � 1/τHN, where m = a and n = ab.
We remind that a reduction in a corresponds to broader
peaks, while the asymmetry is revealed by smaller values
of b. For polymers in bulk, n varies between 0 and 0.5,
differing sensitively from the behavior of low-molecular-
weight glass formers where n can approach 1 at relatively
high temperatures. The limiting condition n = 1 can be
reached in the case of a Debye relaxation, where the whole
dispersion width is due to one single relaxation time. In
this particular case, the α-peak has already an intrinsic
full width at half-maximum (FWHM) extending for more
than 1 decade.

It is tempting to assume that a perturbation in the
dynamics associated to enrichment in slower relaxation
modes, e.g. chain immobilization, or an increase in Tg,
will result in a reduction in m, while a change in n could
be linked to the fast dynamics (free surface, or excess of
free volume). However, application of these intuitive con-
cepts might not be so straightforward. Severe criticism to
this approach comes from the idea that in bulk the shape
of the α-process is not directly related to a distribution
of relaxation times arising from spatial heterogeneities.
In fact, the symmetric and asymmetric broadening of the
α-peak should be instead considered as a characteristic
feature of the dynamical glass transition and the low- and
high-frequency limiting slopes of the dispersion process
should be associated to the motion of the chains at, re-
spectively, larger and smaller length scales [43]. Though
derived from an empirical function, the valued of n and
m have can be formally correlated to the mechanism orig-
inating the structural relaxation. For bulk polymer sys-
tems, the segmental dynamics is influenced by the motions
of the neighbored segments: the damped diffusion of con-
formational states described for dilute polymer solutions
is here replaced by a hindered mechanism. Considering a
model system with 2 conformational states marked as 0
and 1 (as trans and gauche conformations), the probabil-
ity ψ that at a given time t the segment corresponding to
the spatial variable x is in the state 1 is given by [44]

∂ψ(x, t)
∂t

= − 1
τ0

ψ(x, t) +
∫ t

0

∂DC(t − τ)
∂t

∂2ψ(x, t)
∂x2

dτ,

(23)
where τ0 is a time constant of the transition between con-
formational states (in equilibrium with the thermal bath)
and DC is the diffusion coefficient of the conformational

states. The hindered damped diffusion regime is ensured
by assuming ∂DC/∂t ∼ t−λ, being |λ| ≤ 1.

By limiting to the cases corresponding to −1 ≤ λ ≤ 0
(diffusion in inhomogeneous media related to a continuous
random walk) it is possible to link the value of the expo-
nent λ to the high-frequency limiting slope of the dielectric
loss, as n = (1 + λ)/2. The value of n is thus a probe of
the local dynamics. Upon cooling, chains pack more ef-
ficiently and segmental dynamics is more hindered. As a
consequence, n assumes smaller values at lower tempera-
tures, that is, the α-peak broadens on the high-frequency
side. Similarly, at high temperatures, the augment of free
volume leads to an increase of n, that is, a sharpen-
ing of the relaxation peak. The value of m appears in-
stead to be related to fluctuations taking place at length
scales larger than those characteristics to the structural
dynamics. This consideration is supported by the fact that
crosslinking affects only m, and that in semi-rigid poly-
mers like PET [134], during crystallization n remains con-
stant, while m changes sensitively. Furthermore, for more
flexible polymers as poly(3-hydroxybutyrate) (PHB), both
shape parameters remain unaltered [81,135,136], implying
the lack of long-range effects in the perturbation of the α-
relaxation upon crystallization in these systems.

Applying similar arguments to the broadening ob-
served in thin polymer films yields non-intuitive trends. In
fact, an increase in polarization at frequencies larger than
the mean relaxation time, detectable as a reduction in n,
could be interpreted as both an enrichment in faster relax-
ation modes corresponding to a lower effective Tg (“spatial
heterogeneity” hypothesis) and as an increased hindrance
in the local chain dynamics leading to a higher effective Tg

(“bulk scaling” hypothesis). A recent experiment permit-
ted us to discern between the two explanations and vali-
dated the spatial heterogeneity approach [23]. The value
of n for 20 nm thick capped films of PS increased at larger
degrees of adsorption. According to the bulk scaling, such
a trend should correspond to an increase in free volume,
and a concurrent possible drop in Tg. On the contrary, the
interfacial free volume drops upon adsorption, validating
our hypothesis on the spatial heterogeneity. Consequently,
it is possible to use the changes in the shape parameters
of the α-relaxation to extract direct information on the
gradient of mobility.

In the following section we show three different meth-
ods to estimate the gradients of mobility in ultrathin films
of polymers and low-molecular-weight glass formers based
on the analysis of their dielectric function.

4.2 Enslaving free surfaces to the dynamics in
proximity of a solid interface: the case of thin films of
glycerol on quartz

We investigated the molecular dynamics in supported thin
films of glycerol by means of interdigitated comb elec-
trodes [55]. Measurements performed during slow desorp-
tion at 230K (= Tg + 36K), down to a single molecular
layer (≈ 0.7 nm), permitted to verify the existence of a
layer with enhanced mobility in the vicinity of the free
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surface, enslaved to the slower dynamics of the molecules
sitting at the interface with the quartz substrate. Films as
thin 1.6 nm were analyzed over a broad range of time scales
(> 6 decades). We did not observe any transition from
cooperative to single molecule dynamics, that is, from
super-Arrhenius to Arrhenius, as instead observed in sil-
ica matrices with 2.2 nm pores [124]. Consequently, in our
analysis, we discarded finite-size effects arising from mere
geometrical constraints and focused on the impact of in-
terfacial interactions on the shape of the α-peak. For films
thinner than 50 nm, we observed an asymmetric broaden-
ing accompanied by a slowdown in the dynamics when
the thickness was reduced to 2 nm, expressed by shift in
the Vogel temperature by +5K and a corresponding in-
crease of Tg by 3.5K. These trends suggested the mobility
of molecules in the first couple of layers in close proxim-
ity of the substrate is reduced in comparison to the bulk
(reduced mobility layer, RML) [16]. We attributed this
trend to the H-bonding interactions between glycerol and
the substrate of the IDE sensor.

In addition to this minor variation in τ , we expected
that the presence of interfaces could cause an increase in
the dynamic heterogeneity of the system. As the RML and
the free surface induce opposite effects on the molecular
dynamics, we proposed that it was possible to distinguish
their particular contributions by means of the “shape”
parameters m and n. In this formalism, reductions in m or
in n reflect respectively, an enrichment of the distribution
of relaxation times at long time scales (slower dynamics)
induced by the presence of a reduced mobility layer (RML)
or at short time scales (faster dynamics), by a free surface,
or an enhanced mobility layer (EML).

Since we are not dealing with polymers, we modeled
our films as trilayers, where a bulk-like region is embedded
between reduced mobility layer (RML) in proximity of the
solid interface and an enhanced mobility layer (EML) at
the free surface. The impact of the bulk component is
expected to decrease upon thickness reduction, resulting
in an increase in m, in case the slower dynamics of the
RML were dominant, or an increase in n, if the dynamics
of the whole film were accelerated by the EML.

Figure 13 shows the thickness evolution of the values of
m and n obtained from spectra acquired during continuous
desorption experiments. Up to thicknesses on the order
of 50 nm, the values of both m and n are intrinsically
lower than those obtained for bulk glycerol probed with
an isotropic electric field; this apparent discrepancy was
actually predicted by molecular dynamics simulations of
the effect of an electic field on the dielectric response [59].

In the same figure we plotted also the value of the re-
laxation time, to ease the comparison between peak shape
and the evolution of the dynamics. For bulk glycerol, in the
temperature range from 197 to 237K, τ changes by more
than 6 orders of magnitude, while the values of m and n
have a very weak temperature dependence [137,138]. On
the contrary, here we found severe changes in the shape
parameters, while the value of τ was almost constant. It
is noteworthy noticing that a given increment in m or n
is not linearly correlated to the resulting increase in the
width of the relaxation peak. Remarkably, small varia-

Fig. 13. a) Thickness dependence of the structural relaxation
time, measured during isothermal desorption at 226K. b) and
c) Parameters m and n obtained from two distinct measure-
ments during isothermal desorption: at 233 K, in the thick-
ness range between 2.5 and 8 nm, and at 226 K, between 3 and
0.7 nm. Reproduced from Capponi et al. [55], with permission
of the American Chemical Society.

tions in the m, or n, provide a tremendous broadening of
the peak that permits an accurate determination of the
value of the shape parameters. Below 3 nm the relaxation
time gets longer, while the value of m decreases already
at 6–8 nm. Thus the increase in τ is caused by a more
pronounced dielectric response at low frequencies, i.e. a
larger impact of the RML on the relaxation dynamics of
the system upon thickness reduction. The absolute value
of n, on the contrary, decreases already at few tens of nm,
shows a broad minimum centered on 3 nm and it finally
recovers “bulk” values below 1 nm. The different thickness
dependence of the two shape parameters implies asymmet-
ric peak broadening upon film thinning. Thus, changes of
m and n are caused by a variation in distribution of the
relaxation times rather than by an intrinsic increase in the
heterogeneity caused by confinement, which would instead
induce a symmetric broadening.

In addition to this expected trend, a finer analysis of
m and n suggested that in thinner films, the reduction of
the bulk component pushes the free surface towards the
RML and the EML gets enslaved to the slow dynamics.
In fact, while the reduction in m is detectable already in
films as thin as 50 nm, the opposite effect is observed be-
low 3 nm. In this thickness range, τ increases and the more
stable boundary conditions imposed by -OH bonding with
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Fig. 14. a) Dielectric loss curves acquired for a 3 nm glyc-
erol film at 217 K, before and after capping with PS0.8 com-
pared with a 50 nm thick film (blue line). b) Sketch of mobility
profiles across the film, for different values of the total thick-
ness. The blue curve represents the profile in a capped film.
Reproduced from Capponi et al. [55], with permission of the
American Chemical Society.

the quartz substrate inhibit the action of the EML. This
reasoning is consistent with the experimental evidence col-
lected by Torkelson and coworkers, suggesting that that
the glass transition of a free surface is enslaved to the
nature of the underlying layer [139].

To further validate these ideas, we designed other ex-
periments, which permitted to achieve more information
on the contribution of regions with faster dynamics in
glycerol and their impact on the structural relaxation. For
this purpose, we measured the response of a capped film
(fig. 4a), where the free surface of a 3 nm thick film of
glycerol was suppressed by the presence of a layer (9 nm)
of low-molecular-weight polystyrene (Mw = 800 g/mol,
Tg = 269K). We chose this oligomer because it does not
present any relaxation process in the chosen temperature
range, consequently any difference in the relaxation pat-
tern of the two measurements could be attributed to a
different nature of the interfaces. Moreover, as the tem-
perature range of our investigation was kept below the Tg

of PS, the extremely low miscibility with glycerol ensures
geometrical stability of the system for the whole duration
of the experiment.

Spectra of the capped film were acquired upon heating,
and compared to measurements performed on the under-
lying glycerol layer before capping. Figure 14 displays loss
curves acquired at 217K for both the capped and the un-
capped film. The comparison between the dielectric spec-
tra before and after capping revealed a depletion of faster
molecules in the capped film. In fact, as expected, an ad-
ditional RML appeared at the upper interface, consisting
with the lower value of m upon evaporation of PS onto
the free surface of glycerol. In addition to this feature, we
observed relaxation times exceeding the bulk value and a

non-zero value of confinement energy Δ(h, t) at a thick-
nesses larger than in the case of supported films. In fig. 14a
we reported for comparison the loss curve measured at
the same temperature for an uncapped 50 nm thick film.
The relaxation peak of the 3 nm capped film overlaps the
high-frequency component of the peak of the thicker film,
where we expect that the EML has no impact on the over-
all molecular mobility. This evidence proves that the free
surface is suppressed by depositing a capping layer. Based
on the experimental evidence in, we sketched fig. 14b pos-
sible mobility profiles capturing the concurrent effects of
a RML and an enhanced mobility layer on the overall dy-
namics

The suppression of the free surface results in a reduc-
tion of the relaxation peak component at high frequen-
cies by a component whose dielectric strength corresponds
roughly to one fourth of the overall signal of the uncapped
glycerol film. A crude analysis of this information reveals
that, for glycerol, the effects of the free surface on the
structural dynamics are limited to a monolayer. The small
extension of the EML and the increasing values of n in the
thinner film prove that faster dynamics of the free surface
is enslaved to the slower relaxation modes of the RML,
which rationalizes the slowdown of dynamics observed be-
low 1.6 nm.

4.3 Asymmetric broadening in freelystanding films of
PS

In addition to the reduction in the glass transition tem-
perature detected by ellipsometry [140], Brillouin light
scattering [141], fluorescence spectroscopy [142], dielectric
spectra of freely standing films of PS revealed new intrigu-
ing features [133]: a temperature-dependent asymmetric
broadening of the α-peak towards lower temperatures and
a reduction of the dynamic fragility down to the monomer
limit. A fine analysis of our experimental results confirmed
the presence of a strong gradient of Tg’s extending inside
the film.

During relaxation and retardation experiments, ther-
mally activated processes appear as peaks in both the fre-
quency and the temperature dependence of the imaginary
part of the chosen susceptibility [41]. In the case of freely
standing films of PS, it was possible to analyze the asym-
metry and the thickness-dependent broadening in the α-
peak, in isochronal plots. This approach, reproducing tem-
perature scans at constant heating/cooling rate, allowed
direct comparison of our results with those collected un-
der similar experimental conditions, e.g. via ellipsometry.
The complex electric capacitance of freely standing films
of atactic PS (Mw = 932000 g/mol, Mw/Mn = 1.2) was
measured using a high-resolution dielectric analyzer un-
der high vacuum, in the temperature region from above
the bulk glass transition down to room temperature and in
the frequency domain from 1Hz to 1MHz. Integrity of the
samples and their freely standing character after several
heating cycles above bulk Tg were confirmed by atomic
force microscopy [53].
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Fig. 15. (a) Comparison between the frequency and temperature dependence of the imaginary part of the complex capacitance
of a 40 nm thick freely standing membrane of PS (932000 g/mol) and the dielectric loss (scaling with the capacitance via
a geometrical factor) of a 45 nm thick film of PS (932000 g/mol) capped between aluminum electrodes. (b) Sketch of the
temperature dependence of the structural relaxation time (blue) and of the peak broadening; green and red lines respectively
indicate the onset and the offset of the α-peak. Reproduced from Napolitano et al. [133] with permission of Elsevier.

4.3.1 Gradient of Tg’s

Figure 15 shows a 3-dimensional plot of the typical re-
sponse of C ′′(f, T ) in freely standing films, where a single
relaxation process is present. By comparison with the val-
ues of Tg in the thinner layers, and by its dynamic fragility
in the thicker films, we attributed this peak to the struc-
tural relaxation of PS. In the FSF geometry, the activation
energy of the process (Ea) increases upon cooling, result-
ing in a pronounced bend of the peak maxima towards
lower frequencies at lower temperatures. This trend arises
from the strong increase in activation energy of the struc-
tural process in proximity of the glass transition and is a
common feature of the glassy dynamics. The tremendous
asymmetric broadening of the peak is, however, surprising.

The relaxation scenario in FSF substantially differs
from what typically observed in bulk samples, see fig. 15.
At lower frequencies, the low-temperature tail of the α-
peak extends well below room temperature. For a 225 nm
thick membrane, in an isochronal representation at 4.5Hz,
the FWHM reaches 56K, see fig. 16, a value that reduces
to 35K at 300Hz. Differently from what is seen in capped
films, the broadening increases with the film thickness and
is always less pronounced in the high-frequency region.
On the contrary, in bulk samples, the structural relax-
ation peak of PS is symmetric with a FWHM of 17K
at 4.5Hz, a value increasing to 24K at 300Hz. Such a
behavior is noteworthy different from what observed in

nanolayers of PS confined between solid interfaces, where
the broadening is athermal and more relevant at higher
surface/volume ratios [15].

Given the distribution in relaxation times, the width
of the α-peak in isochronal representations is bound to
the activation energy of the molecular processes involved.
Sharper peaks correspond to higher values of Ea, that
is, at given frequency the relaxation process affects the
susceptibility within a smaller temperature window; in
other words, at constant heating (cooling) rate, a process
with higher activation energy will span the experimen-
tal accessible frequency range faster than a process with
lower Ea.

At temperatures just above Tg, a modest reduction
of the temperature corresponds to a progressive increase
in the viscosity and thus in the mean value of τ [36].
As a consequence, the activation barrier for rotational
jumps increases upon cooling, and the α-peak sharpens
in isochronal representations at lower frequencies. With
this reasoning in mind, we should think that a large drop
in the activation energy upon cooling is responsible for the
broadening observed in the structural peak of FSFs in the
proximity of Tg. This conjecture has no physical basis and
it would not justify the large asymmetry of the peak.

On the contrary, we verified that the trends found for
the maximum of the α-relaxation and its peak shape are
clear manifestations of a gradient of glass transition tem-
peratures induced by an enhanced molecular mobility at
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Fig. 16. (a) Isochronal representation (f = 4.5 Hz) of the
imaginary part of the complex capacitance for freely standing
films of PS of different thickness. A peak of arbitrary intensity
but the same peak maximum and full width at half-height as
for bulk samples has been added for comparison. (b) Isochronal
representation of the imaginary part of the complex capaci-
tance computed via eq. (25). Reproduced from Napolitano et
al. [133] with permission of Elsevier.

the two free surfaces of the freely standing film [12,128].
Ellipsometric measurements in supported films of PS by
Kawana and Jones [143] support the existence of a similar
asymmetric broadening in the structural relaxation where
free surfaces are characterized by lower transition tem-
peratures; similar trends were recently revisited by Kim
et al. [142]. We could rationalize the phenomena observed
in the spectra of freely standing films translating recent
experimental and theoretical observations into an equiva-
lent dielectric response, obtained by modeling free surfaces
as potential barriers imposing an exponential decay of the
relaxation temperature [59,66,116]. To compute the di-
electric response of a membrane, we assumed that each
sublayer of unitary thickness could be schemed as a bulk-
like peak. Given the geometry of the film, we introduced a
profile of the position of the maxima of the structural peak
in isochronal representations, Tα, symmetric with respect
to the center of the film, which mimics a smooth gradient
in Tg

Tα(x) =

TBULK
α

[
1 − exp

(
−3

x

λ

)
− exp

(
−3

h − x

λ

)]
, (24)

where TBULK
α is the value of the relaxation temperature

in bulk and λ is the length scale necessary to cancel the
surface effects. Considering eq. (24), the deviation from

the bulk behavior at distances on the order of λ from each
interface is limited to 5%, exp(−3) < 0.05. To obtain the
contribution, Δxi, of each sub-layer we sampled the values
of Tα with a fixed step ΔTα, which we used as weight
coefficients

C ′(T ) = C0

∑

i

Δxi

1 + [2Φ(T − T̄ i
α)]2

, (25)

where C0 is the value of the geometrical capacitance of the
measurement cell per unit of thickness, Φ is the FWHM
of the structural process in bulk, Δxi and T̄ i

α are, re-
spectively, the thickness and the average relaxation tem-
perature of the i-th layer. The procedure described by
eq. (25) is equivalent to averaging the contribution of each
layer, via its volume fraction. In line with our experimen-
tal trends, the results of our computation show a reduction
in peak width upon increase of the thickness, see fig. 16.
Films much thicker than 2λ have a bulk-like response, that
is Tα = TBULK

α and FWHM ∼ Φ.
Upon reduction of the sample size (here expressed by

the dimensionless parameter h/λ), the presence of inter-
facial layers becomes more relevant, and their contribu-
tion to the dielectric relaxation shows up as a tail in the
low-temperature region. In this regime Tα decreases, while
FWHM increases. When the confinement size reaches 2λ,
due to the mutual effect of the two opposing free surfaces,
the film does not contain any bulk component, and a fur-
ther reduction of the thickness yields a cutoff of bulk-like
relaxation modes. Consequently the distribution of relax-
ation times is limited to the fast surface modes, the α-peak
narrows and the FWHM inverts its trend and decreases.
Our reasoning is in line with the model on the propaga-
tion of free volume proposed by Lipson and Milner [33],
and the experimental evidence by Torkelson and cowork-
ers, both suggesting that films thinner than the double of
the perturbation length scale introduced by a free surface
cannot sustain the full gradient of glass transition temper-
atures [142,144]. A crude comparison between our results
and the computation revealed values of λ ∼ 150–200 nm,
a value which exceeds by one order of magnitude the value
proposed by Paeng et al. [145], but similar to the penetra-
tion depth induced by substrate interactions (silicon and
aluminum oxide) on the relaxation time of free surfaces
of isotactic PMMA (∼ 180 nm) [30]. A possible source
of discrepancy could be related to the averaging proce-
dure present in eq. (25), as it does not take into account
a possible distribution in orientational polarization which
might arise from the increase in interparticle chain order-
ing. We recently verified that the imaginary component of
the capacitance increases in proximity of interfaces, due
to a larger local value of the Kirkwood correlation fac-
tor [57], which is a probe for the degree of correlation
among dipole moments. Consequently, the contribution
of interfacial layers to the final value of the capacitance
might be overestimated, and the effective value of λ re-
sults lower. Further investigation on this topic will provide
deeper insight on the chain structure in freely standing
films.
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4.3.2 Gradient of activation energy: From cooperative to
non-cooperative dynamics

The anomalous narrowing of the peak in the high tempera-
tures/high frequencies region can be explained considering
a reduction of the deviations from bulk behavior (e.g. λ)
at higher temperatures, (see sect. 3). Due to the intrinsic
form of the temperature dependence of τ , the differences
between Ea of each sub-layer increase upon cooling, lead-
ing to the characteristic diverging shape seen in the 3D
representation of the loss spectra, see fig. 15. Moreover,
the thickness dependence of the changes in Ea upon cool-
ing strengthens the idea that the broadening observed in
thin films is connected to the dynamic heterogeneity. We
extracted the temperature dependence of the structural
relaxation time out of 3D representations assigning the
traces of the process to those couples of frequency and
temperature values (fmax, Tα) identifying the maximum of
the structural relaxation peak, see subsect. 1.1. For all the
thicknesses investigated the temperature dependence of τ
could be fitted by the Vogel-Fulcher-Tammann equation.
The increase of τ upon temperature reduction was quan-
tified in terms of the dynamic fragility, see eq. (21). The
values of mp decrease in the thinner films and surprisingly
the value of the fragility of 40 nm thick membranes crosses
the monomer limit [146]. This intriguing result suggests
that the surface dynamics of polystyrene does not share
the same cooperative nature of its structural relaxation
in bulk and its impact on the properties averaged over
the whole membrane is enormous. Our results are in line
with the transition from cooperative to non-cooperative
behavior in the temperature dependence of the viscosity
of supported PS films, found by Yang et al. upon reduc-
tion of the thickness [29], and the smaller values of mp

revealed by Priestley and coworker in nanospheres of PS
at larger surface/volume ratios [147].

4.4 Gradient of segmental mobility and orientational
polarization strength via a multilayer approach

In the case of supported films, inspired by the approach
proposed and exploited by Torkelson and coworkers based
on fluorescence techniques [128], we took advantage of the
sensitivity of dielectric spectroscopy and determined the
gradients of structural relaxation time and orientational
polarization in capped polymer films [11]. In addition to
the information achieved on the depth profile of Tg, the
investigation of the dielectric function over a large fre-
quency range permitted to map the segmental mobility
also by means of the dielectric strength, a quantity pro-
portional to the amount of mobile molecules relaxing on
the time and the length scale of the dynamic glass tran-
sition. The possibility to enhance the dielectric response
of nearly apolar polymers by doping it with molecular
dipoles that are either dispersed (probes) or covalently
attached to the polymer chain (labels) was previously val-
idate in bulk systems [148] and finally extended to ul-
trathin polymer films [149]. In order to reduce the inter-
diffusion depth between consecutive layers and to achieve

Fig. 17. On the top, scheme of a bilayer composed of a 45 nm
thick film of neat PS surmounted by a 15 nm thick layer of l-PS
and corresponding electric circuit. On the bottom isochronal
representation (57.8 Hz) of the imaginary part of the dielectric
permittivity of bilayer described above. The permittivity of l-
PS was obtained upon subtraction of the complex capacitance
of the layer of neat PS previously measured. The ideal response
of the bilayer was computed upon addition of its components,
to verify the solidity of our approach.

sufficient contrast in the dielectric signal, it was necessary
to synthesize a high-molecular-weight PS where 1.25% of
the monomers were labeled with DR1. With this very
small doping amount, we reached an amplification of the
dielectric signal by a factor 15 in thick films, which is in
line with the results of previous synthesis. For example,
dispersion of 1% (w/w) of 4,4′-(N,N-dibutylamino)-(E)-
nitrostilbene (DBANS) increased the dielectric strength
of PS by a factor of 5 [148,150], while the dielectric loss
of PS (Mw = 13 kg/mol) was enhanced 65 times after co-
valently attaching DR1 (3% w/w) directly onto the back-
bone. Analysis of the segmental mobility provided that
our labeling procedure did not alter the glass transition
temperature (= 373.4 ± 1.0K), nor the dynamic fragility
mp (= 131±10). Consequently, the dynamics of the doped
chains in contact with neat PS corresponds to the dynam-
ics of l-PS enslaved to its own gradient of mobility, that
is, the presence of PS does not alter the relaxation behav-
ior of l-PS. Moreover, upon confinement, ultrathin films
of the labeled polymer (l-PS) showed the typical features
characterizing the thickness dependence on the α-process
at the nanoscale: shift in Tα (here towards higher tem-
peratures, which is indicative for a slowing down of the
molecular dynamics), increase in the width of the α-peak
and reduction of the dielectric strength [65]. These char-
acteristics made l-PS a perfect candidate to check if those
features arise from the distribution of segmental mobility
in capped films.



Page 24 of 37 Eur. Phys. J. E (2013) 36: 61

10 100

0.0

0.1

0.2

0.3

0.4

0.5

0.6

10 100

96

100

104

108

Δ
ε

heating
  top
  middle
  bottom 

T g 
[°C

]

      cooling
 top
 middle
 bottom
 capped films

h [nm]

1

2

3

4

h [nm]

x

0

(b)

ΔTg
Δε

0

x

(a)
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Multilayer films were modeled as a series of capaci-
tances where the total capacitance C∗

tot is given by 1
C∗

tot
=

1
C∗

labeled PS
+ 1

C∗
neat PS

and C∗
labeled PS and C∗

neat PS are the
complex capacitance of the layer of l-PS and of the layer
of neat PS, respectively. After determining the intrinsic
contribution of neat PS, it was possible to extract the
contribution of the labeled layer from the total response
of the multilayer film. An example of the quality of the
data extracted via this procedure is given in fig. 17.

Differently from previous work, we wanted to check
if thermal annealing in the liquid state could affect the
behavior of chains at the interface and thus the gradi-
ents of molecular mobility. For this purpose, we mea-
sured the response of multilayer films both during heating
(303K → 423K) and cooling (423K → 303K) scans per-
formed with an effective scanning rate of 0.3K/min. These
two experimental conditions correspond to, respectively,
short and long annealing times. In fact, provided that
time-temperature superposition is fulfilled [72], changes
in the interfacial properties should scale with the same
activation energy as the structural relaxation, i.e. anneal-
ing at higher temperatures compares to longer annealing
times at a lower temperature. This speculation was finally
verified by noticing that the changes during annealing fol-
low the adsorption kinetics, that is, have the same acti-
vation energy as the structural process, see subsect. 2.5.1.
We assembled multilayers composed of 45 nm thick films
of PS and 15 nm thick films of l-PS, and mapped the val-
ues of the segmental relaxation time and of the dielectric
strength at different distances from the polymer/metal in-
terface, see fig. 18.

The value of Tg and of Δε of the 15 nm thick layer of l-
PS placed between two 45 nm layers of neat PS (geometry
2) exhibits bulk values over the two thermal cycles of heat-
ing and cooling. On the contrary, a clear deviation from
bulk behavior was found in those multilayers where the
l-PS film was placed in direct contact with Al. Moreover,
we observed that the relaxation behavior of the interfacial
layers was affected by annealing.

In particular, for geometry 3 and 4, that is, when the
labeled chains were in contact with the upper or the lower
electrode, during the heating scan the dielectric strength
of l-PS was reduced to 70% of its bulk value. After reach-
ing 423K and successive cooling, Δε dropped further till
reaching ∼ 30% of its value in thicker films. This evidence
implies that the number of molecules participating to the
structural relaxation in proximity of a metallic interface
is smaller than in bulk and that such a number decreases
upon further annealing, due to irreversibly chain adsorp-
tion. This result could finally disprove that the reduction
in dielectric strength observed in thin films is due to a
reduced cooperative character of the structural relaxation
in interfacial layers [151]. Following our simplified defini-
tion, see subsect. 2.2, the dielectric strength can be writ-
ten as the product of the dipole density number and the
square of the dipole moment, Δε = Ñμ2. If n neighboring
dipoles relax cooperatively, the effective density number
drops to ∼ Ñ/n and the dipole moment rises to ∼ nμ;
under those conditions the dielectric strength scales as
Δε = nÑμ2. The number of the cooperative units n at
the interfaces gets smaller due to the break in the symme-
try, consequently Δεinterface/Δεbulk < 1. Such hypothesis
however, because it is based on mere size effects, cannot
justify a change in Δε upon annealing in a sample of con-
stant thickness. In fact, the introduction of an interface
corresponds to a perturbation in the cooperative dynam-
ics taking place on the time scale of the structural relax-
ation, that is, 10 s at most in our experiment. Considering
that the kinetics of the drop in Δε occur on much longer
time scales (� τREP), we should reject this hypothesis.
Moreover, a smaller cooperativity should always be ac-
companied by an enhancement in relaxation rate [2], be-
cause of the lower hindrance in the molecular motion. On
the contrary, while we observed negative values of ΔTg in
the heating scan, upon cooling, we detected an increase
in Tg. In particular, concentrating on the upper interface
(results for the l-PS layer in contact with the lower elec-
trode are shown in fig. 18 during the heating scan, at bulk
Tg τ (extrapolated via a VFT fit) decreases by 2 orders
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of magnitude, while it exceeded its bulk value by a factor
7, after annealing at 423K. Same as for Δε, the dielectric
function is not affected by annealing if the films of l-PS
are not in direct contact with Al.

We did not observe any change in the segmental mobil-
ity when we placed a thicker layer of l-PS (40 and 80 nm in
geometry 3, fig. 18) in contact with the metallic interface.
Thus, perturbations on the mobility should decay at a few
tens of nm from the bounding interface. However, such a
length scale could be underestimated; in fact, because of
the drop of Δε in the physisorbed layer, the weight of
those interfacial chains assuming conformations different
from the bulk and generating the perturbation in Tg [18]
is reduced in comparison to bulk-like layers.

Finally, it is worth reminding that the sample prepara-
tion of the layers in the two geometries is rather different.
The conformations adopted by polymer chains in geome-
tries 3 and 4, immediately after preparation, are intrinsi-
cally different. At the lower interface (geometry 3) chains
get adsorbed from a dilute solutions onto the surface and
suffer quick changes in the viscosity, due to the rapid evap-
oration of the solvent during spincoating; on the contrary,
at the upper electrode (geometry 4), molecules facing a
free surface are finally covered by metal atoms thermally
evaporated in high vacuum. The asymmetry in the sam-
ple preparation is erased upon mild annealing, probably
within the time scale of the structural relaxation time,
that is, considering our slow scanning rates (∼ 0.5K/min)
differences between the two interfaces disappear fast after
curing the multilayers above Tg.

The experimental evidence collected in this work per-
mitted to justify the use of symmetric profiles in the analy-
sis of the thickness dependence of quantities averaged over
the film thickness. In the following sections we provide two
examples based on the solution of inverse problems that
permitted to obtain profiles in molecular mobility based
on the dielectric strength and the thermal expansion.

4.5 Gradients of molecular mobility obtained via the
density number of molecules participating to the glass
transition

Isothermal experiments in the liquid state revealed a
correlation between the drop in dielectric strength and
the thickening of the irreversibly adsorbed layer formed
onto solid interfaces, see subsect. 2.3 [23]. Due to exper-
imental problems related to the difficulties in preparing
very thin freely standing films necessary for the multi-
layer experiments, at the state of the art it is not possi-
ble to map the values assumed by Δε with a resolution
smaller than 15 nm via the multilayer approach presented
in the previous section [11]. In the attempt to reduce this
limit, we studied the thickness dependence of the dielec-
tric strength, Δε(h), which permitted obtaining profiles
of molecular mobility, based on the number of molecules
participating to the glass transition.

As shown in subsect. 2.5, regardless of the change in
segmental mobility and the sign of ΔTg, upon confine-
ment, Δε gets continuously reduced upon increase of the

surface to volume ratio, see fig. 2 (bottom panel). In anal-
ogy to a cold crystallization process, the reduction of this
reflects the decrease of the density number of the fluctu-
ating dipoles contributing to the dielectric signal [81,120,
152]. For various polymer systems, the decay of Δε vs.
h−1 in isothermal conditions was approximated by a lin-
ear trend, which implies a sharp mobility profile at the
two interfaces [153–155]

Δε(x)
Δεbulk

=

{
0, x ≤ δL ∪ h − δL < x < h,

1, δL < x < h − δL.
(26)

In fact, linear fits of the type Δε(h) = Δεbulk(1 − 2δL/h)
reproduce this trend, by means of a step-like Heaviside
function consisting of a bulk layer capped between two
dead layers (DL) of identical thickness δL, where Δε = 0
at each interface. The term “dead” reflects the conjec-
ture that the interfacial regions are composed of adsorbed
molecules whose structural relaxation is inhibited at the
time scales investigated over the whole experimental tem-
perature range [117]. In the following subsections we will
show that this consideration does not apply to all poly-
mers. However, investigation of other systems revealed
also the unusual scaling Δε ∼ h [156], together with sev-
eral cases where the reduction in the dielectric strength
cannot be satisfactorily reproduced by a linear dependence
of the type 1−const/h [16,153]. The observed pronounced
non-linear reduction of the dielectric strength upon in-
crease of the surface to volume ratio suggests the presence
of a strong gradient of molecular mobility along the dis-
tance from the metallic interfaces. Therefore, we thought
that the incorporation of a continuous distribution of den-
sity number of fluctuating dipoles across the film, Ñ(x),
would bring to a more realistic scenario, including broad-
ening arising from the spatial heterogeneity in the seg-
mental mobility.

With these considerations in mind, we have developed
a new model, able to reproduce the thickness dependence
of the dielectric strength ranging from the ∼ h−1 to the
∼ h decaying behavior and to provide profiles of mobility
for all the systems of which the thickness dependence of
Δε is known [65].

To reproduce the mobility gradient of the density of
fluctuating dipoles in proximity of an interface, Δε(x) ∼
ΔεBULK Ñ(x), we readapted a smooth profile derived from
a Landau-Ginsburg free energy functional theory [157],
developed to describe the density distribution of a polymer
melt in contact with solid walls. The analytical equation,
in the case of neutral or repulsive wall, that is, a reduction
of density at the interface, reads

φ(x) = φb tanh2

(
x

2ψS
+ A

)
, (27)

where φb is the bulk density, ψS is the correlation length
of the surface profile, and A is a shift parameter incor-
porating the boundary conditions. The profile in eq. (27)
describes an interfacial layer of lower density, extending
for a thickness on the order of 3 ·2ψ, where the bulk value
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is recovered, (tanh2(3) ∼ 1). To describe a distribution of
Δε in capped films, we have adjusted this density profile
extending it to the case of a polymer layer capped between
two non-repulsive symmetric solid surfaces. Under the as-
sumption of a smooth distribution of segmental mobility,
we replaced the density with the dielectric strength. This
substitution is licit considering that interfaces contribute
to a decrease of Δε (Δεinterface < Δεbulk) [11]. For capped
films, the profile in Δε thus reads

Δε(x)=Δεbulk

[
tanh2

(
3
x

ϕ
+ ρ

)

+ tanh2

(
3
h − x

ϕ
+ ρ

)

− tanh2

(
3
h

ϕ
+ ρ

) ]
, (28)

where ϕ is here the penetration depth of the interfacial
reduction in dielectric strength and ρ is the shift parame-
ter, i.e. the value of Δε at the very interface is reduced to
a fraction corresponding to tanh2(ρ) = Δεinterface/Δεbulk.
The advantage of eq. (28) is the straightforward determi-
nation of two fitting parameters ϕ and ρ related to mate-
rial properties.

To obtain the best fitting parameter for each data set
(i.e. the values of Δε(h) at constant T ), the experimen-
tal data were compared to values calculated averaging the
gradient in eq. (28). This procedure required the calcula-
tion of the total dielectric response of a film of thickness h,
via a layer-resolved approach, whose validity is supported
by previous simulation work on the dielectric relaxation at
the nanoscale. In our computation, the film was divided
into h sub-layers, and attributed to each of those a di-
electric function reproduced by the an HN equation, see
eq. (7), where the position and the shape of the peak of
each sublayer is kept constant and the dielectric strength
is varied, following a profile given by discretization in steps
of 1 nm of eq. (28). Because in the capped geometry the
orientation of the electric field is perpendicular to the
polymer/metal interface, the total dielectric response was
obtained summing up the contributions of each sub-layer,
as for capacitors in series, C−1

TOT(f, T ) =
∑

j C−1
j (f, T )

where Cj(f, T ) is the capacitance of the j-th sub-layer.
To reduce errors introduced by numerical integration, the
value of ΔεTOT was obtained directly from the real part of
the computed dielectric function following its definition,
as the difference between εS , the frequency-independent
value reached by the real part of the dielectric function
for ω � ω0, and ε∞. We considered a frequency range
broad enough to take into account the broadening of the
structural peak, i.e. a larger separation between the fre-
quency regions corresponding to εS and ε∞, and the shift
in the peak maximum upon confinement. The assumption
that the shape parameter and the peak position do not
influence the value of Δε is justified by the evidence that,
in ultrathin films of amorphous polymers, the dielectric
strength depends only the interaction with the substrate
and on the annealing conditions [23].

As it was not possible to solve the problem analyt-
ically, we extended the procedure to a matrix of couples
(ϕi, ρi) centered around physically reasonable starting pa-
rameters, and found the best fitting values for the exper-
imental values, upon minimization of the squared devia-
tions:

Err =
1

nexp

nexp∑

i=1

(
Δεth

i − Δεexp
i

Δεexp
i

)2

,

where nexp is the number of the experimental data points,
that is, the number of thicknesses measured at each tem-
perature, Δεth and Δεexp are, respectively, the values of
the dielectric strength obtained via our model and exper-
imentally.

In addition to the numeric approach, we obtained an
approximated solution of the inverse problem related to
the thickness dependence of the dielectric strength, con-
sidering the special case of zero residual polarization at
the interface, and neglecting the effects of the direction of
the electric field. Under these assumptions, applying the
mean value theorem, we obtained the expression

Δε(h)
Δεbulk

= 1 − tanh(h/ϕ)
h/ϕ

, (29)

which satisfactorily reproduces the experimental trends
and numerically values for the drop of Δε. In particu-
lar, eq. (29) shows that if the condition h/ϕ � 1 is sat-
isfied, Δε scales linearly with the surface to volume ra-
tio, Δε(h)/Δεbulk ∼ 1 − const/h; this is possible for films
much thicker than the penetration depth of the dielectric
strength. On the contrary, at large values of ϕ, i.e. when
h/ϕ � 1, the right side of eq. (29) becomes ∼ 1−h/const,
which reproduces the exotic behavior reported for hyper-
branched polyesters. This trend is justified by the com-
plex tridimensional molecular structure of this polymer,
characterized by longer length scales than those of ho-
mopolymers. Thus ϕ can be seen as a broadening param-
eter sensitive to the different chain architectures, and its
increase sets the transition from a sharp mobility profile
to a broader distribution of Δε.

Regardless of the value of ϕ, in proximity of ϕ−1, Δε
vs. h−1 shows a bending, indicating that the drop in the
thickness dependence of Δε(h) slows down. Examples of
the fits are reported in fig. 19, while the corresponding
mobility profiles are indicated in fig. 20, where, for the sake
of simplicity, we considered films thick enough to avoid the
reciprocal influence of the two interfaces (h � 2ϕ).

For all the polymers investigated, three different zones
characterize the form of the gradient of mobility obtained
from the dielectric strength. In the first zone, extending
for a couple of millimeters (except in the exceptional case
of hyper-branched polyesters, where this layer occupies al-
most 20 nm), Δε is constant. Depending on the positive
or null values adopted by Δε in this region, we divided
the investigated systems in two groups. If Δε reaches neg-
ligible values in proximity of the metallic surface, then
ρ = 0 and a dead layer is formed; the values obtained by
our computation are in line with those estimated by el-
lipsometry. When ρ > 0 we reproduced the behavior of
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Fig. 19. Normalized dielectric strength vs. inverse of the film thickness for the polymers listed in fig. 2 (lower panel). The
continuous curves are fits of the experimental values, obtained from averaging eq. (28) via the procedure described in the text.
The dashed and the dotted-dashed lines represent respectively the ∼ −h−1 and the ∼ h drops of the dielectric strength. The
inset shows the deviation of the experimental and calculated trends for samples of PVAc from linear fits, 1−const/h. Reproduced
from Rotella et al. [65] with permission of the Royal Chemical Society.

a reduced mobility layer, where a non-zero residual po-
larization is present near the wall. We noticed that the
presence of such a residual degree of mobility inside the
first interfacial layer is in agreement with the prediction
of the TOP model, where the BOO increases in proximity
of the wall, due to larger interparticle correlations, that is
larger g [39]. We experimentally validated this trend in the
case of glycerol, where in proximity of a quartz substrate,
the dielectric strength was twice as large as in bulk [57].

A second zone, covering length scales ∼ ϕ (10–100 nm),
separates the dead or reduced mobility layer from the
bulk core of the film, where Δε/ΔεBULK is 1. It is worth
mentioning that the penetration depths of the drop in
Δε are comparable to the critical thicknesses where other
techniques reported the onset of the deviation from bulk
behavior. Thus, we should consider the dielectric strength
and not the shift in the relaxation time as the real param-
eter reflecting the effects of confinement on the dielectric
function.

4.6 Profile of thermal expansion via capacitive
dilatometry

In this section we describe an example of the use of capac-
itive dilatometry (CD), a technique exploiting the tem-
perature dependence of the capacitance as a probe of
thermal expansion in capped polymer films. Bauer et al.
introduced a method based on the changes in the high-

frequency response of glass-forming systems during tem-
perature scans [158]. Such a procedure was successively
extended to the investigation of thin polymer films by
Fukao et al. [15], who considered that the temperature
dependence of the capacitance is exclusively driven by the
expansion coefficient in the normal direction to the sur-
face, αn. In fact, in the absence of molecular relaxation
processes, the real part of the complex capacitance is di-
rectly proportional to the inverse of the distance between
the electrode, that is, the film thickness. In case of thin
films, the interfacial area S is constant, and αn is given
by −κ · C(T )/C0, where κ is a temperature-independent
parameter and C0 = ε0εrSh−1 is the geometrical capaci-
tance at a chosen reference temperature. Because it senses
thermal expansion, this method can be used to assign
the glass transition temperature as the crossover between
two different linear regimes, whose slopes are proportional
to the thermal expansion in the glassy and in the liquid
state. Consequently each temperature scan provides three
independent parameters: αG, the normal thermal expan-
sion coefficient for T < Tg, αM , the normal thermal ex-
pansion coefficient in the liquid state, and Tg. Differently
from ellipsometry, CD offers the possibility to investigate
capped films, which by mimicking the properties of model
nanocomposites are a benchmark for the investigation of
hybrid materials containing organic/inorganic interfaces.
Optical techniques encounter large experimental problems
on metal/polymer multilayers, due to lack of a direct ac-
cess on the polymer layer, the large adsorption coefficient
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Fig. 20. Mobility profiles at one interface for thick samples
of various polymers, continuous curves were obtained from
eq. (28) using the corresponding best fit values of φ and ρ. Re-
produced from Rotella et al. [65] with permission of the Royal
Chemical Society.

of the metallic coatings, and the scattering of light onto
rough surfaces; on the contrary, CD does not “see” the
conductive layer, and thus it senses only the dielectric
medium, i.e. the polymer.

4.6.1 Dead layers

In the case of capped films, where two buried interfaces
are present, we can expect a behavior similar to that seen
for the dielectric strength. Chain pinning onto the metallic
interface, in fact, reduces the thermal expansion of inter-
facial layers, yielding to the formation of dead layers, DL,
where thermal expansion is virtually zero. The existence of
such a layer was furthermore confirmed by Gin et al., who
showed lack of temperature dependence in the thickness of
an irreversibly adsorbed layer of PS, grown under equilib-
rium conditions [80] (t∗ � 1, see subsect. 2.4). Although
having a large affinity, “dead layers” and “adsorbed lay-
ers” should not, however, be confused; in the latter case a
non-zero thermal expansion could be present (see the case
of PTBS discussed below). Finally it is noteworthy that
the measured value of δL depends on the experimental
approach used [159]: methods sensing localized segmen-
tal motions (rotations, vibrations of the different chemical
groups) probe shorter immobilized layers in comparison
to techniques averaging over larger angular fluctuations.
Based on these simple considerations, we proposed a sym-
metric model for CD, where a bulk like layer is embedded
into two dead layers of constant thickness [117]

⎧
⎪⎪⎪⎨

⎪⎪⎪⎩

αG(h) =
(

1 − 2δL

h

)
α∞

G , T < Tg,

αM (h) =
(

1 − 2δL

h

)
α∞

M , T > Tg.

(30)

The upper index “∞” indicates the value of a very thick
sample. The validity of this model is tested by fitting
the experimental data collected for ultrathin films of
PS160 capped between Al layers, annealed for 12 h at
Tg + 25K. For this system, we observed higher Tg’s in
the thinner films (ΔTg = 15K at 7 nm) and obtained

δL = 2.7 ± 0.4 nm, in line with the values estimated by
ellipsometry [13,137] and our approach on the thickness
dependence of Δε, see subsect. 4.5.

Surprisingly, in this case it was not necessary to add
a correction for broadening, in fact, the drop in thermal
expansion (both above and below Tg) was linear with the
inverse of the thickness down to at least 7 nm, i.e. if differ-
ent than 0, the value of ϕ is limited to 3.5 nm ∼ δL. The
corresponding thermal expansion profile is thus given by
a very sharp function, in line with observations in other
similar investigations by means of ellipsometry [14].

Measurements in samples thinner than 2δL revealed a
completely different scenario. In this case the capacitance
increased upon heating, implying a negative thermal ex-
pansion coefficient. Considering the reversible character
of this phenomenon, we proposed a mechanism of “de-
freezing” of the dead layer, similar to the melting of the
rigid amorphous fraction in semicrystalline systems, which
causes an increase in local free volume [117]. The larger
electric capacitance at higher temperatures is due to an
orientational (dipolar) polarization process related to par-
tial desorption of the immobilized chains. Recently, Koga
and coworkers demonstrated that the activation energy
of this process corresponds to changes in the local con-
formations of the chain, and that the densification (less
free volume) occurring in the adsorbed layer upon cooling
is due to the enrichment in trans states, or better a re-
duction in gauche states, corresponding to more flattened
(less mobile) chains [80].

4.6.2 The unsual case of PTBS: Where adsorption speeds
up the dynamics

The investigation of the thickness dependence of the ther-
mal expansion of capped films of poly(4-tertbutyl styrene),
PTBS, revealed a more complex and highly unusual sce-
nario [19]. PTBS is a polystyrene derivate, where the 4-
(para) position of the aromatic ring is replaced by the
bulky apolar tertbutyl group. The interest in this system
arose from the report of the largest onset in the effect
of confinement (400 nm vs. the typical 20–100 nm), as in-
dicated by fluorescence spectroscopy (ΔTg = −50K at
25 nm) [160], and alternative approaches based on the ef-
ficiency of polymer/pentacene transistors [161].

By means of CD, we observed a modest reduction in
the transition temperature (ΔTg ∼ −8K, for 7 nm) and
a drop of both the thermal expansion coefficients (αM ∼
0.15α∞

M and αG ∼ 0.20α∞
G , at 7 nm). Remarkably, the

drop in αM,G did not scale linearly with the inverse of
the thickness, see fig. 21. The combination of these results
might seem contradictory: we observed an enhancement of
the structural dynamics (ΔTg < 0) coupled to a reduction
of thermal expansion.

The apparent paradox was solved considering the un-
usual non-linear change of the thermal expansion coeffi-
cients with h−1. Showing a concave profile, such a trend
could not be explained in terms of interfacial broadening,
which on the contrary provides the opposite convexity as
for Δε(h−1), see subsect. 4.5. We noticed that, below a
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Fig. 21. Thermal expansion coefficients of ultrathin films
of PTBS, as a function of the inverse of the thickness. The
dash-dotted lines are fit to the experimental data via eq. (3).
In the upper inset, thickness dependence of the glass tran-
sition temperature, the line follows the equation Tg(h) =
405 · (1 − (0.13/h)0.6) K. In the lower inset, the thickness de-
pendence of the thermal expansion coefficient in the melt for
films of PTBS (red diamonds) and PS (green stars) prepared
in similar annealing conditions, see text. To facilitate compar-
ison, data were normalized to the bulk value of the thermal
expansion coefficient and to the total extension of the dead
layer. Reproduced from Napolitano et al. [19] with permission
of the American Chemical Society.

critical thickness, same as for PS, we could not detect a
positive thermal expansion, and that we could adequately
fit our results via an interpolation with a quadratic func-
tion in h−1. Consequently we thought of a symmetric ther-
mal expansion profile L(x) of the form

Lα(x) =

⎧
⎪⎪⎪⎪⎪⎨

⎪⎪⎪⎪⎪⎩

0, 0 < x < δG,M ∪ h − δG,M < x < h,

α∞
G,M

(
1 +

λ2
G,M

x2
+

λ2
G,M

(h − x)2

)
,

δG,M < x < h − δG,M ,

(31)

which upon solution of the related inverse problem
brought to the following expression of the thermal expan-
sion coefficients:

〈α(h)〉G,M

α∞
G,M

=

⎧
⎪⎪⎪⎪⎪⎨

⎪⎪⎪⎪⎪⎩

0, h < δG,M ,

1 − 2

(
δG,M −

λ2
G,M

δG,M

)
1
h

−2
λ2

G,M

h(h − δG,M )
, h ≥ δG,M .

(32)

Equation (32) is the superposition of two Heaviside func-
tions (dotted line) and two power law branches, (dash

Fig. 22. Reconstructed profile of the thermal expansion in
the melt (red) and in the glass (blue), referring to the data
plotted in fig. 21. Single contributions from the Heaviside step
due to the dead layer (dashed line) and to the decay of inter-
facial conformation correlation function (dash-double-dotted
line) are also given. Only half of the profile is plotted, being
this symmetric with respect to the middle of the film. Re-
produced from Napolitano et al. [19] with permission of the
American Chemical Society.

dotted lines) bound to the parameters λG,M , symmet-
ric towards the core of the film. For the melt we find
δG = 3.1 ± 0.5, λG = 2.0 ± 0.2 and δM = 3.2 ± 0.5,
λM = 3.0±0.2; all values are expressed in nm. The analyt-
ical form of Lα(x) provided a clear physical picture for the
increase of the thermal expansion, see fig. 22. The excess in
thermal expansion is localized at the interface between the
bulk core and the immobilized layer. The non-monotonous
character of the gradient is given by the superposition of
two competing effects, arising from the reorganization of
interfacial chains at different distances from the interface.

At short scales (x < δG,M ), the monomer density ex-
ceeds the bulk value due to pinning onto the metallic sur-
face. Consequently segmental fluctuations ensuring large-
scale reorientations are highly hindered and thermal ex-
pansion assumes values much smaller than in bulk. At
longer distances (x > δL), instead, the density (∼ 1/α)
drops quadratically with the distance from the wall due
to packing frustration. Remarkably, our experimental data
are in line with the scaling expected by mean-field the-
ory for polymers melts in the presence of weakly inter-
acting media [157], ∼ (λG,M/x)−2. Under this frame-
work, we can associate λG,M to the double of the correla-
tion length for the concentration fluctuations. This quan-
tity grows upon chain stiffening, and is also affected by
molecular mobility, e.g. λG,M increases in the liquid state,
due to larger interference of rotational motion on packing
frustration.

We speculate on the universality of such dual behavior
at the polymer/solid interface, and on the possibility to
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Fig. 23. Impact of the ratio between the length scale of the
packing frustration and the thickness of the dead layer on
the thickness dependence of the thermal expansion coefficient,
computed from eq. (32).

tune it by changing the polymer/substrate affinity. In par-
ticular, we expect that larger affinities or a higher adsorp-
tion degree (larger t∗) could be expressed by high δ/λG,M

ratios. For PTBS, where δλG,M ∼ 1, it was possible to
fit the thickness of the thermal expansion via eq. (32).
Increasing the value of δ/λG,M , the non-linear character
of 〈α(h−1)〉G,M decreases and it becomes more difficult
to detect the presence of the excess in thermal expan-
sion, that is, a linear trend of αG,M vs. h−1 is recovered.
Considering reasonable standard deviations on the exper-
imental data, such a condition is reached in proximity
of the threshold δ/λG,M >

√
3. On the contrary, when

δ/λG,M < 1, a clear maximum appears at thicknesses
on the order of 4δ, see fig. 23. This situation reflects the
minimum in density found for nanocomposites of poly-
hedral oligomeric phenethylsilsesqui-oxanes (POSS) dis-
persed in a matrix of PC with a low content of the in-
organic phase [162]. Remarkably, dispersion of the same
filler in PS, where the aromatic moieties increase the affin-
ity with POSS and thus δ/λG,M , yielded a full recovery
of the linear trend of the density with the nanoparticle
concentration (scaling as h−1), as expected.

5 Conclusions and open questions

In this Colloquium we discussed on the large experimen-
tal evidence collected in the last years on the impact of
packing frustration and irreversibly chain adsorption on
the dynamics of ultrathin polymer films. In particular,
we showed a striking correlation between the kinetics of
adsorption and the evolution of the glass transition tem-
perature upon prolonged annealing in the liquid state.
We discussed on the non-equilibrium character of polymer
films upon nanoscopic confinement, arising from the fast

evaporation of solvent during spincoating and the sluggish
character of the kinetics of irreversible chain adsorption.
Consequently, we argued that criteria of “equilibration”
holding in the case of entangled bulk melts, as for ex-
ample thermal annealing at times exceeding the reptation
time, are not valid upon confinement. On the contrary, we
verified that the shift in Tg is proportional to the thick-
ness of the layer irreversibly adsorbed during annealing in
the liquid state and proposed a new “equilibration” crite-
rion based on the dimensionless number t∗, defined by the
ratio between the annealing time and the time scale of ad-
sorption. At t∗ > 1, the kinetics of chain adsorption slows
down and the correlated changes in the glassy dynamics
are negligible in comparison to the largest perturbations
at shorter annealing times. Consequently, we propose that
at t∗ > 1 a new steady state (with a lifetime exceeding the
time scales of technological interest) is reached. We antic-
ipate that the structure of films prepared at t∗ ∼ 1 scales
as expected for the reflected random walk of an equilib-
rium melt immobilized by the surface (h ∼ N1/2), which
further validates our hypothesis [163].

We highlighted a direct proportionality between the
shift in Tg and the thickness of the Guiselin brush (irre-
versible adsorbed layer) at constant t∗. To understand the
molecular origin of this correlation, we developed a mold-
ing approach, which, at the state of the art, is the only
method permitting to determine the variations in inter-
facial free volume in ultrathin polymer films. The mold-
ing experiment finally confirmed that the interfacial free
volume is directly proportional to the shift in Tg upon
confinement. Consequently, we verified that packing frus-
tration (excess in free volume) is a source of faster dy-
namics, which induces a reduction in Tg in proximity of
the polymer/solid interface, even in the presence of chain
adsorption.

In this Colloquium, we have also described different ex-
perimental methodologies, through which it is possible to
investigate by means of dielectric spectroscopy the dynam-
ics of polymers and low-molecular-weight glass-formers in
capped, supported and freely standing films, that is, re-
spectively without, with one, and with two free surfaces.
We proposed several examples of the solution of inverse
problems related to data collected in the above-mentioned
methodologies, which allowed the determination of profiles
of molecular mobility and thermal expansion in a large
number of molecules.

We stressed on the unexploited potentiality of the di-
electric strength, Δε, the contribution of orientational po-
larization to the glassy dynamics. We showed that Δε is
particularly sensitive to the number density of molecules
relaxing on the time- and at the length-scale of the dy-
namic glass transition, and can thus be used to mon-
itor immobilization. The reduction in orientational po-
larization upon irreversible chain adsorption introduces
a gradient of Δε, which affects the dielectric relaxation
of polymers under confinement, and its interpretation.
Due to the lower values assumed by Δε near a metal-
lic wall, the largest contributions to the measured signal
come from the chains in the middle of the film. As a con-
sequence, Δε is affected by confinement already at hun-
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dreds of nanometers while the relaxation time, linked to
dynamic properties, either remains constant or varies at
much higher surface/volume ratios. In fact, τ is not an
additive quantity, because it is given by the superposi-
tion of the modes involved in the molecular process. In
the specific case of dielectric spectroscopy, the contribu-
tion of the relaxation modes associated to the different
sub-layer is not weighted over its volume percentage (due
to both the series-model sum required for the dielectric
functions and the asymmetric broadening of the α-peak).
The non-linear character of these effects yields an effec-
tive reduction of the impact of nanoscopic confinement
on τ . Consequently, investigation of confinement effects
in ultrathin films cannot be limited to the apparent (lack
of) changes of the relaxation time and thus of the glass
transition temperature.

We conclude this Colloquium with a list of open ques-
tions on the dynamics of soft matter under confinement,
which we hope will stimulate further investigation and dis-
cussion.

1) How can a gradient of mobility propagate for length
scales exceeding the molecular size? What is the molecular
mechanism behind the transmission of the confinement ef-
fects? How is it possible to enslave the dynamics of a layer
to its surroundings?

The determination of profiles of molecular mobility via the
thickness dependence of averaged quantities revealed that
the changes in chain conformations run for several tens,
sometimes hundreds, of nanometers. de Gennes proposed
a “sliding motion” where kinks diffuse along loops acting
as vectors of free volume from the polymer/air interface
towards the core of the film [89]. Multilayer experiments
showed that this mechanism is not sufficient to explain
the shift in Tg in freelys tanding films [144]. Local mea-
surement of the viscosity showed that the presence of an
irreversibly adsorbed layer in the “equilibrium” regime,
t∗ � 1, affects the properties of the free surface up to dis-
tances on the order of 5–6Rg [131]. Could we explain these
extreme length scales in terms of rearrangements in the
chain conformations upon irreversible chain adsorption?

2) Why low-molecular-weight glass formers exhibit smaller
deviations from bulk behavior?

The higher conformational entropy introduced by mono-
mer connectivity tremendously increases the possibility to
perturb molecular conformations upon confinement. Con-
sequently, correlating deviations from bulk behavior to
the stability of interfacial conformations, polymers should
show larger shifts in the transition temperatures. However,
at low connectivity a different phase can be more stable
in proximity of a solid interface. Should we consider the
broad region within the full breath of the interfacial mobil-
ity gradient as a thermodynamically stable phase different
from the bulk?

3) What is the impact of interparticle correlations on the
liquid dynamics? Can we think of the free volume in terms

of a reduction in interparticle correlations? Are free vol-
ume, packing frustration and bond orientational order cor-
related?

The two-order-parameter model predicts an increase in
the correlation among the particles of a liquid in proxim-
ity of a solid interface, not requiring a change in density.
Slower interfacial dynamics should arise from the larger
orientational order near the wall [39]. We verified the va-
lidity of this idea in the case of the low-molecular-weight
glass-former glycerol [57]; what about polymers? How does
connectivity influence this structure/dynamics interplay?
This criterion for an increase in Tg is similar to the corre-
lation found between the reduction in Tg and the increase
in interfacial free volume [18].

4) Is it possible to predict the time scales of re-entangle-
ment and irreversible chain adsorption? Does confinement
affect these processes?

The equilibration of thin films prepared by spincoating
requires times much longer than the reptation time. Ex-
periments performed on freeze-dried bulk samples veri-
fied that the time necessary to reconstruct the entangle-
ment networks exceeds by several orders of magnitude
the reptation time of disentanglement. A solid theoreti-
cal framework capable to quantify the separation between
these two time scales, and the molecular mechanism of
re-entanglement is missing [109]. The comprehension of
this phenomenon and a deeper analysis of the adsorption
of polymer melts (which at the moment is limited to di-
lute solutions) will help to quantify the time necessary to
“equilibrate” polymers under nanoscopic confinement.

5) Is it possible to observe multiple distinct glass transi-
tions in the same confinement geometry?

Recent experiments on freely standing films of PS
revealed two well-distinct transitions in the thickness
dependence of the thickness, following different molecular
weight dependences [164]. It is not clear what is the
thermodynamic state of the film at temperatures between
the two transitions. Could we treat those films as in
the case of immiscible blends, exhibiting independent
relaxation phenomena, or should we consider the mutual
enslaving in the two processes? The answer to these
questions will probably permit to reveal the molecular
nature of the two transitions.
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List of symbols and acronyms

1D 1-dimensional
αG normal thermal expansion coefficient
αM thermal expansion coefficient in the liquid state
αn expansion coefficient in the normal direction to the surface
γPS polymer/substrate interfacial energy
δ phase lag
δL thickness of the dead layer
Δε dielectric strength
Δ(h, t) confinement energy
Δf(t) cantilever resonant frequency
ε or ε∗ (complex) permittivity
ε′ dielectric constant
ε′′ dielectric loss
ε0 vacuum permittivity
ε∞ dielectric constant in the absence of polarization processes
εr medium permittivity
εS static permitivitty (real part of the dielectric function for w � w0, frequency independent)
ζ interfacial free volume
η shear viscosity
λ length scale necessary to cancel out surface effects
Λ low decay rate and the drop in dielectric strength
λG,M length scale of packing frustration in the glassy state and in the melt
μ dipole moment
ξ length scale of the glass transition
Π linear growth rate of thickness of the irreversibly adsorbed layer
ρ residual interfacial polarization
σ surface coverage
Σ high decay rate and the drop in dielectric strength
σC conductivity
τ structural (or segmental) time
τ∞ high-temperature limit of the relaxation time
τg relaxation time at Tg

τHN Havriliak-Negami relaxation time
τR relaxation time
τREP reptation time
ϕ penetration depth of the reduction of the dielectric strength
φb bulk density
Φ full width at half-maximum of the structural peak in bulk
ψ probability function for a conformational state
ψS correlation length of the surface profile
ω angular frequency
a broadening parameter of the HN function
AFM atomic force microscopy
Al aluminum
b asymmetry parameter of the HN function
B fragility-related parameter of the VFT equation
BDS broadband dielectric spectroscopy
BOO bond orientational order
C capacitance
C0 capacitance empty capacitor
C∞ electric capacitance in the absence of polarization contributions
CD capacitive dilatometry
CRR cooperative rearranging region
D IDE height
DBANS 4,4′-(N,N-dibutylamino)-(E)-nitrostilbene
DC diffusion coefficient of the conformational states
DL dead layer
DR1 disperse red one
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E electric field
Ea activation energy
EFM electric force microscopy
EML enhanced mobility layer
f frequency
FDT fluctuation-dissipation theorem
FSF freely standing film
FWHM full width at half-maximum
g Kirkwood factor
G∞ instantaneous shear modulus
GSO glassy structural order
h thickness
hads adsorbed layer thickness
hmax

ads saturation value of hads after long annealing time
HN Havriliak-Negami
IDE interdigitated (comb) electrodes
J0 zeroth Bessel function
kB Boltzmann constant
Lα(x) mobility profile based on the thermal expansion
LDS local dielectric spectroscopy
l-PS polystyrene labeled with 4-[(4-cyanophenyl) diazenyl] phenyl}(methyl)amino
m low-frequency slope of the structural peak in a log-log plot
mp dynamic fragility
MRCO medium-range crystalline order
Mw weight-averaged molecular weight
n high-frequency slope of the structural peak in a log-log plot
N polymerization degree

Ñ density number of dipole moments
OTS octadecyltrichlorosilane
P polarization
P2VP poly(2-vinyl pyridine)
PC polycarbonate
PEL potential energy landscape
PET poly(ethylene terephthalate)
PHB poly(3-hydroxybutyrate)
PMMA poly(methyl methacrylate)
POHOAc hyperbranched polyester
POSS polyhedral oligomeric phenethylsilsesquioxanes
PS polystyrene
PSDR1 polystyrene labeled with disperse red 1
PSF polysulphone
PTBS poly(4-t-butylstyrene)
PVAc polyvinyl acetate
R resistance
RFOT random first-order transition theory
Rg radius of gyration
RML reduced mobility layer
s IDE spacing
T0 Vogel temperature
t∗ ratio between the annealing time and the adsorption (or crossover) time
Tα temperature of the maximum of the relaxation peak in isochronal conditions
tads adsorption time
tANN annealing time
tcross crossover time
teq equilibration time
Tg glass transition temperature
TOP two-order-parameter model
VFT Vogel-Fulcher-Tammann
v linear growth rate of the thickness of the irreversibly adsorbed layer
V voltage
Vm volume



Page 34 of 37 Eur. Phys. J. E (2013) 36: 61

References

1. M. Alcoutlabi, G.B. McKenna, J. Phys.: Condens. Matter
17, R461 (2005).

2. G. Adam, J.H. Gibbs, J. Chem. Phys. 43, 139 (1965).
3. V. Lubchenko, P.G. Wolynes, in Annual Review of Physi-

cal Chemistry Vol. 58 (Annual Reviews, Palo Alto, 2007)
pp. 235.

4. H. Shintani, H. Tanaka, Nat. Phys. 2, 200 (2006).
5. H. Tanaka, T. Kawasaki, H. Shintani, K. Watanabe, Nat.

Mater. 9, 324 (2010).
6. H. Tanaka, Eur. Phys. J. E 35, 113 (2012).
7. Differently from the RFOT theory, where the formation

of the droplets is driven by configurational entropy alone,
the TOP model predicts that the formation of MRCOs
is induced by two simultaneous processes: the maximiza-
tion of the density of the system and the maximization
concentration of intermolecular bonds.

8. J.A. Forrest, J. Mattsson, Phys. Rev. E 61, R53 (2000).
9. X. Zheng, M.H. Rafailovich, J. Sokolov, Y. Strzhemechny,

S.A. Schwarz, B.B. Sauer, M. Rubinstein, Phys. Rev.
Lett. 79, 241 (1997).

10. C.J. Ellison, J.M. Torkelson, Nat. Mater. 2, 695 (2003).
11. C. Rotella, S. Napolitano, L. De Cremer, G. Koeck-
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118. S. Napolitano, M. Wübbenhorst, J. Phys. Chem. B 111,
5775 (2007).

119. Z. Fakhraai, J.A. Forrest, Phys. Rev. Lett. 95, (2005).

120. S. Napolitano, V. Lupascu, M. Wübbenhorst, Macro-
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sité Libre de Bruxelles where
he holds a faculty position
and leads the laboratory of
Polymers and Soft Matter Dy-
namics. His current research
focuses on the molecular origin
of the glass transition and the
correlations between structure
and dynamics in polymers
and small molecules under
nanoscopic confinement.



Eur. Phys. J. E (2013) 36: 61 Page 37 of 37

Simona Capponi studied
Physics at the University
of Perugia (Italy). Then
she moved to Paris, where
she worked for two years at
Laboratoire de Physique des
Solides (Paris). In 2012 she
obtained her PhD degree from
KULeuven (Belgium), where
she investigated the struc-
tural dynamics of ultrathin
films of H bonding liquids,
obtained by physical vapour
deposition. Currently, she
is a postdoctoral researcher
at the University College of
Dublin (Ireland), in the group
of J.H. Rice. Her research
interests include surface char-
acterization and spectroscopy
of polymers and biomaterials.

Since 2010 Bram Vanroy is
a PhD student in the divi-
sion of Acoustics and Thermal
Physics at KULeuven (Bel-
gium) under the supervision
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